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This study aims to investigate the mechanical and fatigue behavior of additively
manufactured metallic materials. Several challenges associated with different metal 
additive manufacturing (AM) techniques (i.e. laser-powder bed fusion and direct laser 
deposition) have been addressed experimentally and numerically. 
Experiments have been carried out to study the effects of process inter-layer time
interval – i.e. either building the samples one-at-a-time or multi-at-a-time (in-parallel) –
on the microstructural features and mechanical properties of 316L stainless steel samples,
fabricated via a direct laser deposition (DLD).  Next, the effect of building orientation –
i.e. the orientation in which AM parts are built – on microstructure, tensile, and fatigue
behaviors of 17-4 PH stainless steel, fabricated via a laser-powder bed fusion (L-PBF)
method was investigated. Afterwards, the effect of surface finishing – here, as-built 
versus machined – on uniaxial fatigue behavior and failure mechanisms of Inconel 718 
fabricated via a laser-powder bed fusion technique was sought. 
The numerical studies, as part of this dissertation, aimed to model the mechanical 










     
 
   
     
  
observations and findings from the experiments. Despite significant research efforts for 
optimizing process parameters, achieving a homogenous, defect-free AM product –
immediately after fabrication – has not yet been fully demonstrated. Thus, one solution 
for ensuring the adoption of AM materials for application should center on predicting the
variations in mechanical behavior of AM parts based on their resultant microstructure. In 
this regard, an internal state variable (ISV) plasticity-damage model was employed to 
quantify the damage evolution in DLD 316L SS, under tensile loading, using the 
microstructural features associated with the manufacturing process.  Finally, fatigue
behavior of AM parts has been modeled based on the crack-growth concept. Using the 
FASTRAN code, the fatigue-life of L-PBF Inconel 718 was accurately calculated using
the size and shape of process-induced voids in the material. In addition, the maximum 
valley depth of the surface profile was found to be an appropriate representative of the
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1.1 Additive Manufacturing (AM)
According to the American Society for Testing and Materials (ASTM), additive
manufacturing (AM) is defined as the “process of joining materials to make objects from 
three-dimensional (3D) model data, usually layer upon layer, as opposed to subtractive
manufacturing methodologies” [1]. AM is a common term used to describe a group of 
advanced manufacturing technologies that create objects in a layer-wise method. There
are different types of AM techniques depending on the feed stock form (e.g., powder 
versus wire), feeding system (e.g., powder bed versus blown powder), energy source
(e.g., laser versus electron beam), materials (e.g., metal versus polymer), etc. [2–4]. This 
study is based on those that use the focused laser beam as a source of energy to melt
metallic powder for forming a part. These types of AM methods can be classified in two 
main categories: (i) laser-powder bed fusion (L-PBF) in which a bed of powder serves as 
the feeding system, such as selective laser melting (SLM), as shown in Figure 1.1(a); and 
(ii) direct laser deposition (DLD) which employs a blown powder system, such as laser 
engineered net shaping (LENS), as shown in Figure 1.1(b) [2]. 
These new manufacturing techniques have provided new avenues for fabricating
net-shaped parts, or even assemblies, with complex geometries in ways that traditional 







   
 
 
   
     
Figure 1.1 Additive manufacturing of metals.




with innovations in advanced materials, have enabled more unique approaches for
product development, manufacturing, and supply chain management [5,6]. Since AM has 
less geometrical constraints, industries will benefit from AM by finding new design 
paradigms for achieving lighter and cleaner products, as well as shorter lead times with 
lower costs.  Moreover, AM can streamline the manufacturing and assembly process 
since assemblies can be consolidated into a single additive part, leading to reduced 
number of parts and cost savings [2–4,7]. 
Additive manufacturing perhaps has the most appeal to industries targeting low 
volume production of highly customized parts for specific applications, especially in the
medical arena [8]. Surgical instruments and patient/injury-specific implants can be
generated via AM for reducing patient wait times and accelerating their post-implant 















   
and delivered more rapidly, with reasonable pricing [5,6]. Besides these, AM provides 
the ability of remote manufacturing and repair (in space, on ship) on demand, as well as 
manufacturing of functionally-graded parts. Hence, AM has gained considerable attention 
from various industries, such as aerospace and biomedical, to fabricate functional service
parts. However, the potential for AM to provide for a new means to manufacture load 
bearing (i.e. structural) parts is not yet fully realized [9].
1.2 Research gaps and challenges 
The main challenge against the continual adoption of AM by industries is the 
uncertainty in structural properties of their fabricated parts [3,4,9]. This uncertainty arises 
due to AM parts possessing microstructural heterogeneities and randomly dispersed 
defects [9]. In addition to variation in as-received powder characteristics, building
procedure, and AM systems, this challenge is exacerbated by the many involved process 
parameters, such as: laser power, laser speed, layer thickness, etc., which affect thermal 
history during fabrication [3,4,9]. Thermal history (i.e. melt pool temperature, thermal 
gradient, cooling rate, cyclic reheating) in the AM process affects the microstructural 
details, such as: grain size, morphology, and texture; defect type, size, and spatial 
distribution; residual stress, etc., and consequently, mechanical behavior of fabricated 
part [9]. 
The microstructural characteristics (e.g. morphology and grain size) of AM parts 
are strongly sensitive to their thermal history during the build, which may include high 
heating/cooling rates, significant temperature gradients, bulk temperature rises and more. 
Since many process variables/parameters impact the thermal history, predicting the 













   
 
  
   
    
 
     
   
parameters, is still a major challenge.  However, overcoming this challenge is vital for 
establishing the effective control mechanisms for fabricating AM parts with superior
mechanical properties. Various authors have investigated the effects of certain parameters 
on the microstructural characteristics and material properties of AM parts with specific
shapes [10–15]. However, it is still unclear how to apply these findings to fabricate 
complex parts with various shapes since their microstructures will have a unique 
dependence on thermal history.
The solidified microstructure depends on: local solidification rates within the
melt pool, the ratio of cooling rate to thermal gradient, R, and the temperature gradient at 
the solid-liquid interface, 𝐺. Two critical solidification parameters are the ratio, 𝐺/𝑅, 
which affects the solid-liquid interface shape, and the cooling rate, 𝐺 × 𝑅, which affects 
microstructure dimensions [3,16]. Different G and R values may result in three major
structure morphologies within AM parts: columnar (elongated grain morphology), 
columnar-plus-equiaxed, and equiaxed (isotropic grain morphology). It has been found 
that a higher solidification rate promotes the transition from columnar to equiaxed grain 
morphologies [11] and that increasing the cooling rate, 𝐺 × 𝑅, leads to a finer 
microstructure. The tendency to form a columnar structure increases by increasing the 
ratio 𝐺/𝑅, while decreasing 𝐺/𝑅 is favorable for equiaxed structures [3]. For thin walled
parts fabricated via a DLD method, the ranges for G and 𝐺 × 𝑅 are approximately 100-
200 K/mm and 200-6,000 K/s, respectively [17,18]. Generally, cooling rates of 
103 to 104 K/s are reported for obtaining desired microstructural and mechanical 



















geometry, environmental/machine conditions, material properties and other process 
parameters [3]. 
The combination of higher traverse velocity and lower laser power results in 
lower incident energy at the top of the part, typically resulting in finer microstructures 
due to higher cooling rates. In contrast, lower cooling rates and coarser microstructures 
can be garnered by decreasing traverse speed and increasing laser power [3,11,12]. 
Although material-type undoubtedly influences grain morphologies of AM parts, lower 
incident energy, which can be due to laser attenuation and/or radiation effects, tends to 
result in finer equiaxed structures while higher incident energy generally results in 
columnar grains and coarser microstructures [3]. For thin walls of DLD Ti-6Al-4V, grain 
size increases more by increasing the incident energy (e.g., decreasing laser traverse
speed and/or increasing laser power) [11,13]. Increasing powder feed rate results in a 
coarser microstructure (e.g., an increase in length and width of both α and β laths) for Ti-
6Al-4V; while the feed rate has fewer effects at higher laser powers.  Faster traverse
velocities result in slight decreases in the size of α and β laths and more porosity. Similar 
effects of process parameters on the microstructural properties have been reported for
burn-resistant Ti alloy (Ti-25V-15Cr-2Al-0.2C), Waspalloy [21], and Inconel 625 [22]. 
For burn-resistant Ti alloy with mainly equiaxed grains, less dependency of
microstructure on process parameters has been observed [3,21,22].
During the AM process, the majority of sensible incident energy is transferred via 
conduction through the deposited structure [23]. Heat is quickly conducted away by the 
substrate at the bottom of the sample, whereas convection and radiation become more























through previously-deposited layers, highly directional columnar structures are typically
formed. These columnar structures can extend across the deposited layers indicating
epitaxial growth of dendrites from the substrate or previously deposited layers [3]. These
thermal cycles can also activate a variety of metallurgical phenomena responsible for
progressively modifying microstructural properties such as grain size [24]. Variation in 
the thermal history experienced at different locations along a AM part causes 
heterogeneous behavior in the microstructure which affects other mechanical properties 
such as tensile strength and fatigue resistance [25]. 
For DLD processes, powder feed rate has also an immediate impact on the
distribution of powder density in melt pool (deposited mass flow rate) [26] and thus layer 
height and microstructures. Liu and Dupont demonstrated a linear increase in the layer 
height as the powder feed rate increases, which in turn results in a coarser microstructure
[27]. For a fixed powder feed rate, the amount of powder that is injected into the melt 
pool varies for different laser scanning directions because of the distance between the 
powder stream and laser spot, depending on scanning direction, the powder injection 
point may be ahead or behind the laser spot. This can result in a highly asymmetric melt 
pool – thus impacting the boundary and solidification heat transfer and thus clad height. 
Although significant research effort has been devoted to parameter 
optimization/control to achieve a more uniform microstructure in AM parts [2,28], 
undesirable consequences of this manufacturing method on material properties are
inevitable, and overcoming this challenge is still an open issue [9]. In addition, even 
under fixed, optimized process parameters, any change in build parameters, such as part 























mechanical characteristics [29,30]. As a result, there are significant knowledge gaps in 
fully understanding the mechanical and fatigue behavior, and its dependence on part 
size/geometry, building orientation, and surface finishing, of AM materials.
In general, the mechanical properties under static loading, including tensile, 
compressive, hardness, etc., of AM parts are comparable to their conventionally-
fabricated forms [31]. This is primarily due to the fact that AM parts experience
relatively high cooling rates during their fabrication, resulting in them possessing finer 
microstructure as compared to their conventionally-fabricated counterparts [4,9,32,33]. 
Although there exists a number of work focused on mechanical characterization of AM 
parts, their mechanical behavior, including the trustworthiness and durability, is still not 
well understood [9]. 
A major challenge and concern for metallic AM parts in application is their
performance under cyclic loading, i.e. their fatigue resistance – a common mode for 
mechanical failure in many engineering structures [9,29,34]. Contrary to failures that 
occur under static loading, failure by fatigue is mostly a local phenomenon driven by
impurities and microstructural heterogeneity; traits descriptive of metallic parts fabricated 
using current AM technology [9,29,34]. Therefore, improving the trustworthiness and 
durability of engineering parts fabricated via AM cannot be achieved without a thorough 
understanding of the fatigue damage process, failure mechanisms, and more specifically, 
their relationships with the microstructure of AM materials. 
1.3 Objectives and organization
This dissertation aims to address challenges associated with different metal AM 




     
   
  
 









   
 




mechanical and fatigue properties of AM metallic materials are experimentally and 
numerically investigated. Experimental works have been carried out to study the effects 
of process inter-layer time interval – i.e. either building the samples one-at-a-time or
multi-at-a-time (in-parallel) – on microstructural features and mechanical properties of 
316L stainless steel samples fabricated via a direct laser deposition (DLD) are assessed.  
Next, effect of building orientation – i.e. the orientation in which AM parts are built – on 
microstructure, tensile, and fatigue behaviors of 17-4 PH stainless steel fabricated via an
L-PBF method is investigated.  Afterwards, effect of surface finishing – here, as-built 
versus machined – on fatigue behavior and failure mechanisms of an L-PBF Inconel 718 
are specifically sought. 
The numerical studies, as part of this dissertation, aim to model the mechanical 
behavior of AM materials, under monotonic and cyclic loading, based on the
observations and findings from the experiments. The internal state variable (ISV)
plasticity-damage model has been employed to quantify the tensile damage evolution in 
DLD 316L SS using the microstructural features associated with the manufacturing
process.  Fatigue behavior of AM parts has also been modeled based on the crack-growth 
approach. The effects of process-induced voids and surface roughness on the fatigue-life
of an L-PBF Inconel 718 is investigated in this study based on the crack-growth from 
semi-circular/elliptical surface flaws. FASTRAN code [35] is employed to capture the 
fatigue-life variations in the specimens with ground and as-built surface finishes using the 
characteristics of voids and surface profile, respectively.
The organization of this dissertation is as follows: an overview of the mechanical 











of size, time interval and geometry on mechanical behavior and microstructural 
properties of AM parts are presented in Chapter 3. Chapter 4 discusses anisotropy in 
mechanical properties (i.e. tensile and fatigue), imposed by part’s building orientation 
during AM process. The effect of surface finishing on fatigue resistance and failure
mechanism of AM parts is described in Chapter 5 Prediction of the mechanical behavior 
of AM materials under monotonic loading via internal state variable (ISV) plasticity-
damage model is presented in Chapter 6. Chapter 7 discusses modeling and fatigue-life
prediction of AM materials via FASTRAN code. Finally, some future challenges and 
potential research topics for advancing the knowledge in AM-part adaptation with respect 
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CHAPTER II
EFFECT OF PROCESS TIME INTERVAL ON THE MECHANICAL AND
MICROSTRUCTURAL PROPERTIES OF DIRECT LASER
DEPOSITED 316L STAINLESS STEEL
Yadollahi A, Shamsaei N, Thompson SM, Seely DW. Materials Science and 
Engineering: A (2015) 644, 171–183.
2.1 Abstract
The mechanical and microstructural properties of 316L stainless steel (SS) 
fabricated via Direct Laser Deposition (DLD), a laser-based additive manufacturing
method, are presented and compared with those of conventionally-built counterparts. 
Using a Laser Engineered Net Shaping (LENS®) DLD system, the time interval between 
successive layer deposits, or inter-layer/idle time, for fabricating cylindrical specimens 
vertically-upward was varied by building either one or nine samples per build plate – thus 
increasing total assembly volume per build. The effect of thermal history, as well as heat 
treatment, on microstructural (i.e. grain size and morphology) and mechanical (i.e. 
tensile, compression, and microhardness) properties of DLD parts are exposed. Results 
indicate that the DLD 316 SS produced herein has a higher yield and ultimate tensile
strength relative to its cast and wrought forms. Furthermore, the thermal history, 
microstructure evolution, and mechanical properties of DLD 316L SS are shown to be




   
  
  













higher cooling rates, leading to finer microstructures, higher/uniform strength and lower 
elongation to failure. In addition, porosity and less integral metallurgical bonds are found 
to be more prevalent in locations further from the build plate due to reduced laser 
penetration depths (e.g. previous-layer remelting decreases). Conversely, parts 
manufactured with shorter time intervals were found to possess a coarser microstructure, 
lower strength and higher elongation to failure – attributable to lower cooling rates 
caused by an increased bulk temperature in the part. These results may aid in future
design and control of more efficient, constant-power DLD processes – especially with 
regard to building multiple and/or larger parts; an approach desirable for minimizing
small-to-medium lot production times. 
2.2 Introduction
During the past few decades, additive manufacturing (AM) has evolved 
significantly; from prototype-scale production to fabrication of functional parts for 
service [1–3]. In contrast to traditional, ‘subtractive’ fabrication methods, AM processes 
allow parts to be built vertically-upward, layer-by-layer, with combined material 
deposition and energy delivery. For metals, there are two common laser-based additive 
manufacturing (LBAM) techniques employed, including: Laser-Powder-Bed Fusion (L-
PBF), such as Selective Laser Melting (SLM) [4], and Direct Laser Deposition (DLD) [5]
which may employ blown powder such as Laser Engineered Net Shaping (LENS). In a
typical DLD process, a high power laser and blown powders are used to create a melt 
pool that subsequently solidifies for generating tracks/layers. Using this method, parts are
consequently built track-by-track and layer-by-layer as within an inert atmosphere upon a














    
  
or scanning pattern, realized via Computer Numerical Control (CNC). Direct Laser 
Deposition has demonstrated to effectively fabricate a wide range of materials such as: 
titanium alloys, tool steels, austenitic steels, martensitic steels, nickel-base superalloys 
and cobalt-base alloys [6–15]. 
There are many process parameters that can be assigned to, or controlled during, 
DLD such as: laser power, laser-to-substrate relative speed (i.e. traverse speed), powder 
feed rate, layer thickness and hatching space (track-to-track distance).  These parameters 
influence the thermal history experienced by fabricated parts which consists of melt pool 
size and localized heating (and cooling) imposed by DLD. This thermal history will then 
directly impact the formation of pores/voids and the encumbered microstructural features 
(e.g. grain size, morphology), and thus mechanical properties, of the as-built part [3,5].
Success of DLD, and inevitably the thermal history of parts, also depends on 
‘design’ parameters, such as: part orientation during the build, number/size of parts (or 
total part volume), complexity of parts (e.g. constant vs. non-constant cross-section) and 
scanning strategy/pattern.  Some design parameters, such as part complexity/size, are
limited by the DLD machine and build envelope, while others can be set before, or 
controlled during, DLD – such as the part orientation and scanning strategy/pattern.  
Various combinations of process and design parameters will impact the time 
elapsed between successive deposits and/or layers, i.e. DLD ‘time intervals’.  Two time 
intervals can be readily defined, including: (1) time elapsed between successive layer 
completions, or the inter-layer time interval, and (2) time elapsed between successive
deposits over (or adjacent to) a common coordinate/point in space - the intra-layer time



















corresponding to layer number or coordinate space) can be defined so that each layer 
completion and/or deposit occurs at specified times.  The total time for any build 
schedule to be completed is then the manufacturing time. 
The inter-layer time will generally change with part orientation and assembly
size/complexity, while the intra-layer time will generally depend more on the laser/track 
patterns employed.  A part with constant cross-sectional area (with respect to build 
height) can consist of a uniform inter-layer build schedule, while the intra-layer build 
schedule can vary for a specific point along the cross-section for successive layers.  
Although manufacturing time is limited by traverse speed and assembly size/complexity, 
the DLD user can control intra- and inter-layer schedules.  For instance, the intra-layer 
time interval can be controlled by employing various scan patterns, which can remain 
consistent or alternate during the build, while the inter-layer time interval can be altered 
by intentionally stopping, or ‘idling’, the DLD process after completion of a layer.  Inter-
layer idling can be accomplished by turning off the DLD laser or holding the deposition 
head still, with no deposition/heating occurring on the part.  Thus, the inter-layer time is a 
function of traverse speed and idle time.  Note that the entire build schedule can be
controlled by changing traverse speed with layer number; however, other process 
parameters may also have to be changed in order to ensure successful deposition (i.e. 
powder feed rate, laser power).  The optimal combination of scan patterns, or intra-layer 
build schedule, will depend on the complexity/geometry of the part.  
The build schedule will also change with respect to part orientation.  For example, 
a simple rectangular bar will undergo a different thermal history when built with its 






















(with all process parameters held constant) [7,16]. Yadollahi et al. [17] recently
demonstrated the effect of orientation of stainless steel 17-4 PH rods during SLM and 
demonstrated that the additively manufactured specimens will have orientation-dependent 
microstructures and mechanical properties for a given set of process parameters. 
Horizontally-built AM parts, for use in uniaxial loading applications, will have different 
tensile properties than vertically-built parts as the inter-layer porosity distribution will
greatly affect the end-service performance of manufactured specimens [7,17]. 
For time-invariant DLD process parameters, it has been demonstrated that bulk 
heating can occur in smaller-sized specimens – causing layer-dependent cooling rates 
[18].  This bulk heating can be combated with increased idle times.  Zheng et al. 
numerically demonstrated that as the inter-layer time interval decreases, by decreasing
idle time, the severity of bulk heating effects will increase significantly and that the initial 
temperature of the previously-deposited layer will have a strong influence on the 
cooling/solidification rates of the subsequent layer [19]. 
Costa et al. numerically investigated the effect of inter-layer idle time on the
microstructure and hardness of a DLD AISI 420 steel, thin-walled part [20]. It was found 
that hardness decreases along the part as inter-layer idle time increases. Further, the inter-
layer idle time was shown to directly affect the melt pool size, and consequently, the 
transient temperature distribution of the part during the DLD process [18,20–22]. These
findings suggest that the microstructural evolution of a part during DLD can be altered 
significantly by varying idle times, i.e. inter-layer time intervals [8,20]. However, due to 
relatively high cooling rates of a single layer/track, long idle times can adversely affect 


















(i.e. time invariant process parameters), the variation of thermal history along a part leads 
to anisotropic features that impact mechanical properties - in particular tensile and fatigue
[7,26]. Fine microstructures can evolve in size due to successive layer passes (i.e. thermal 
cycles) and bulk temperature rise in the part [27].  For uncontrolled and performance-
limited DLD processes, one can strategically employ, or deal with, design parameters 
(i.e. scanning strategy and building orientation) to combat anisotropy and to gain more
control on thermal history. Although process/design parameters can be altered to make
the thermal history more uniform, post-DLD heat treatments may also be utilized to fully
or partially rectify inhomogeneity in microstructure due to non-uniform thermal history
[25].
The current study focuses on the microstructural features and mechanical 
properties (i.e. tensile, compression, and microhardness) of DLD 316L stainless steel and 
their dependence on thermal history, as controlled via two different inter-layer time 
intervals, and post-DLD heat treatment. These effects are investigated by fabricating one-
specimen/build plate or nine-specimens/build plate while holding other DLD process 
parameters constant. This scenario is of relevance for using DLD in small-lot production 
operations, as it demonstrates how maximizing the number of parts-per-build plate, as 
well as part size in the build envelope, affects part quality.
2.3 Experimental procedure
Gas-atomized 316L SS powder was used for DLD of cylindrical specimens
accomplished via an OPTOMEC LENS 750 with 1 kW Nd:YAG laser. The alloys 
nominal chemical composition (in weight %), as determined via a SPECTROMAXx











         
           
 





   
      
Table 2.2 Utilized LENS process parameters for fabricating 316L SS.
Laser Power Beam Traverse Powder Feed Hatching Layer Thickness Oxygen 
(W) Speed (mm/sec) Rate (g/sec) Pitch (mm) (mm) content (ppm)






2.1. The cylindrical specimens were 8 mm in diameter and 75 mm in height, and were
fabricated vertically-upward atop 316L SS build plates, with a cross-hatching pattern, as 
depicted in Figure 2.1. Process parameters were selected via a trial-and-error/“build-and-
inspect” method to ensure a low level of porosity in the LENS parts. In this method, 
several cylindrical rods were printed using various process parameters and their density
was measured using Archimedes’ principle. Final process parameters utilized in this 
study are provided in Table 2.2.
Table 2.1 Chemical composition (weight %) of the LENS 316L SS
Elements C Cr Ni Mn Si Mo S P Fe
(wt.%)
316L SS 0.042 19.95 10.87 1.41 0.61 2.45 0.011 0.025 63.7
Using the identified process parameters, vertically-built, cylindrical rods were
either: (1) fabricated one-per-plate (‘single-built’) or (2) fabricated nine-per-plate all
together (‘nine-built’), as shown in Figure 2.1 – to expose effects of inter-layer build 
schedule which can exist due to multiple part or large part fabrication. For the ‘single-
builds’, each sample was fabricated continuously layer-by-layer with minimal time
between layers, which due to specimen size and utilized machine, was approximately 10 
s. For the nine-built rods, one layer of all nine samples was deposited before moving to 

















times longer (i.e. about 100 s) than the single-built samples. This allowed each cylindrical 
specimen to experience different build schedules and heating/cooling rates during
fabrication. Note that one can describe multi-part AM build schedules as being either ‘in-
series’ or ‘in-parallel’. For the investigated nine-per-plate experiment, the deposition 
process is ‘in-parallel’, with each part increasing in height at a similar rate. However, it is
also possible for one specimen to be completely built before moving to the first layer of
the next specimen – which can be described as an ‘in-series’ deposition process, such as 
the single-built rods in this study.
Specimens were fabricated in close-proximity to each other, as presented in 
Figure 2.1, to simulate a more efficient multi-part manufacturing process. Due to this 
chosen setup, rod-to-rod heat transfer, consisting of mixed convection and radiation, can 
cause asymmetric, location-dependent cooling rates. This can result in, for example, the 
centrally-located rod having a different thermal history than a corner-located rod.  The
severity of these boundary heat transfer effects will depend primarily on the
















Figure 2.1 Schematic of fabricated 316L SS cylindrical rods.
(a) first group: one cylindrical rod built at a time, i.e. single-built, and (b) second group: 
nine samples built at a time, i.e. nine-built (arrows in this figure describe the build 
schedule for each layer).
For most in-parallel, multi-part AM procedures (i.e. 3-axis DLD), the net heat 
flux direction of the solidifying melt pool (i.e. solidification heat flux direction) is 
predominantly towards previously-deposited layers of the part it sits atop, since the 
radiative view factor between previous-layers from neighboring parts and the deposited 
part’s melt pool is relatively low. For in-parallel DLD part fabrication, thermal 
interaction amongst parts should only influence microstructural evolution in their heat 
affected zones (HAZs). The HAZs can interact with neighboring media/environment of 
lower temperature via radiation and/or convection and the net heat transfer will primarily














   
 
  
merging of convective boundary layers between parts), as well as the DLD chamber
conditions (e.g. inert gas flow rate) and employed build schedules. For the current study, 
the microstructures from various-located, nine-built rods were inspected and no 
significant location-dependent features (e.g. direction of grain growth, grain size) were
observed. Based on this preliminary investigation, it was determined that any comparison 
between single-built and nine-built samples would not be substantially biased by nine-
built specimen location.
After fabrication, the specimens were removed from the build plate and machined 
for monotonic tension and compression tests. Figure 2.2 provides the final dimensions of 
LENS-produced tensile samples according to ASTM E-8 [28]. Cylindrical compression 
specimens were sectioned off at five different regions along the longitudinal axis of each 
cylindrical rod according to the ASTM E-9 [29]. Some specimens from the single-built 
group underwent a standard homogenizing heat treatment [30] for 2 hours at 1150 ºC
followed by air cooling, while the remaining specimens were left as-built. In summary, 
three sets of specimens were created for characterization, namely: single-built, single-
built with post-DLD heat treatment and nine-built.
Tension and compression experiments were performed on an Instron 5882 servo-
hydraulic testing machine with a ±100 kN maximum loading capacity. Tensile tests were
conducted using four specimens from each set (i.e. single-built, heat treated single-built, 
and nine-built) at room temperature at a 10−3s−1 nominal strain rate. One specimen from 
each set was mounted and polished for microstructural observation and microhardness 
testing. Samples were polished with colloidal silica in an alkaline (pH: 9.8) suspension 










     
 
      
 
orientation and phase fraction of cylindrical sections from these three sets of samples 
were examined using optical microscopy (OM) (ZEISS Axiovert 200) and scanning
electron microscopy (SEM) (FEG SEM Zeiss SUPRA™ 40) equipped with an electron 
backscatter diffraction (EBSD) detector. Chemical composition analysis of the DLD 
316L SS was carried out by SEM-energy dispersive spectroscopy (EDS). Hardness 
measurements were conducted via a Vickers microhardness tester (Microindentation 
Hardness Testing System, LECO) on the polished surface of mounted samples under a
500-g load for a dwell time of 10 s using a diamond indenter. 












   
 
  






Optical micrographs of a single-built and nine-built sample, at three different 
regions (i.e. bottom, middle and top) are presented in Figure 2.3. It may be seen that the 
porosity is higher near the build plate (bottom region) for both sample sets. As shown in 
Figure 2.3(b), there is significantly more porosity in all sections of the nine-built sample
as compared to the single-built sample. 
Electron backscatter diffraction (EBSD) was used to quantify the crystallographic 
texture, microstructure (e.g. grain size and orientation), and volume fraction of the 
austenite and ferrite phases of specimens from each group (i.e. single-built, heat treated 
single-built, and nine-built). The EBSD inverse pole map and misorientation angle
distribution from each inspected specimen are shown in Figures 2.4 - 2.6. The various 
colors correspond to orientation of grains with respect to crystal lattice, and each color 
corresponds to the unique combination of Euler angles. Therefore, grains with the same 
crystallographic orientation will have similar colors.
The average grain size along the bottom region of a single-built sample (Figure
2.4(a)) was found to be approximately 60 µm, while the average grain size for the middle
and top regions were approximately 140 µm and 100 µm, respectively. The majority of 
grain boundaries were found to exhibit very low misorientation angles (1º-4º) indicating a
near- monocrystalline texture.  Average misorientation angles were measured to be 
approximately 14º, 15º and 30º for the single-built specimen, nine-built specimen and 
heat treated single-built specimens, respectively.  The as-built samples, single-built and 




















misorientation relative to the heat treated sample (see Figure 2.5(b)). In addition, the
average grain size for the bottom region of the nine-built sample was found to be 
approximately 45 µm, which indicates that the grains are slightly finer due to the
increased layer interval time.  Heat treatment was found to increase the grain size and 
misorientation angle.  As can be seen in Figure 2.5, the elongated grains parallel to build 
directions become fully recrystallized after heat treatment.  These recrystallized grains 
possess a more isotropic configuration and average size of approximately 80 µm.  
Electron backscatter diffraction (EBSD) maps from the middle region of the
single-built sample before and after heat treatment are presented in Figures. 2.7 and 2.8. 
These figures reveal the distribution of two iron-based phases, consisting of a dominant 
austenitic (γ) phase with face centered cubic (FCC) structure and less-prevalent, finely-
dispersed ferrite (δ) phase with body centered cubic (BCC) structure. The EDS
microanalysis was carried out at different regions of the single-built sample to determine
the segregation/depletion of alloying elements. The EDS line analysis of the top region is 
presented in Figure 2.9 and the scanning line is also included. It may be seen that the 
distribution of compositions is rather uniform with very small inter-grain segregation of





   












Figure 2.3 Optical micrographs of LENS 316L SS.
Porosity observed for (a) single-built and (b) nine-built samples at three different regions





   
 











Figure 2.4 Electron backscatter diffraction (EBSD) of single-built 316L SS.
(a) EBSD inverse pole map and (b) misorientation angle distribution of austenite phase in 





   
 
   











Figure 2.5 Electron backscatter diffraction (EBSD) of heat treated single-built 316L
SS.
(a) EBSD inverse pole map and (b) misorientation angle distribution of austenite phase in 





   
 
















Figure 2.6 Electron backscatter diffraction (EBSD) of nine-built 316L SS
(a) EBSD inverse pole map and (b) misorientation angle distribution of austenite phase in 

















Figure 2.7 Electron backscatter diffraction (EBSD) maps of single-built 316L SS.
EBSD phase fraction map of a selected area in the middle region of a single-built sample




Figure 2.8 Electron backscatter diffraction (EBSD) maps of heat treated single-built 
316L SS.






















Microhardness measurements were taken along the longitudinal axis of specimens 
from each group, to determine effects of inter-layer time interval. In Figure 2.10, 
variation of the Vickers hardness values are plotted versus distance from the build plate
for all three sets of samples. Note that each data point, which represents the Vickers 
hardness, is an average value of seven microhardness measurements along the sample
length and at equidistant locations. As can be seen in Figure 2.10, the single-built set (as-
built condition) shows lower Vickers hardness values than the nine-built specimens, but













   
  
clearly indicates the effect of thermal history originating from different inter-layer time
intervals, as well as the effect of post-DLD heat treatment on microstructure.
Figure 2.10 Vickers hardness values of LENS 316L SS.
Variation in Vickers hardness values of LENS 316L SS vs. distance from build plate for
various build/post-build conditions.
2.4.2.2 Compressive behavior
Since the experienced thermal history for each part/layer varies at different
distances from build plate, DLD parts can have anisotropic microstructural distributions. 
Therefore, short compression specimens, from a single part, favor the more-accurate 
evaluation of bulk mechanical properties of the LENS 316L SS rods. Samples from each 
set were cut into five sections at equidistant locations along their axis, as shown in Figure
2.11, which also includes their compressive yield strength (0.2% offset). These yield 








   
   
 




data recorded during compression tests. As can be observed, single-built specimens in the 
as-built condition exhibit higher compressive yield values compared to heat treated 
single-built ones, but lower than nine-built specimens.
Figure 2.11 Compressive yield strength of LENS 316L SS.
Compressive yield strength of LENS 316L SS at different regions and various build/post-
build conditions.
2.4.2.3 Tensile behavior
The stress-strain curves of LENS 316L SS rods from the single-built (both as-
built and heat treated) and nine-built sets are shown in Figure 2.12; where error bars 
present the ranges in yield and ultimate strengths, as well as elongation to failure, 
observed for each set. It is important to note that since all specimens were fabricated 
vertically, the tensile loading axis for each specimen is parallel to the utilized build 
direction – resulting in inter-layer/interfacial porosity being perpendicular to loading. 
Measured tensile properties and their comparison with cast and wrought materials [31], 













yield and ultimate tensile strength of LENS 316L SS is higher than their conventionally-
built counterparts; independent of process time interval or heat treatment. Increasing the 
layer-to-layer time interval increased the yield and tensile strengths of the specimens, 
while heat treatment was shown to decrease yield/tensile strength. 
Figure 2.12 Engineering tensile stress-strain curve of LENS 316L SS for various 
build/post-build conditions.
Significantly lower elongation to failure can be seen for the nine-built specimens 
compared to that of the cast and wrought materials, whereas for the single-built 
specimens (in both as-built and heat treated conditions), the elongation to failures are in 
the same range. Monotonic tension results indicate that the ultimate and yield tensile
strengths of all three sets of the LENS 316L SS specimens are higher than those of cast 






   
       
     
     
     
     
      
 
     
     
  









lower yield and tensile strengths than those from nine-built specimens, but are higher 
than those from the heat treated single-built.
Table 2.3 Tensile properties of LENS-produced 316L SS and their comparison with
cast and wrought materials [31] as well as other DLD studies [15,32].
Conditions 𝜎𝑦𝑠 (MPa) 𝜎𝑢𝑡 (MPa) Elongation (%) References
Single-Built (as-built) 405-415 620-660 32-40 Present Study
Single-Built (heat Treated) 325-355 600-620 42-43 Present Study
Nine-Built (as-built) 465-485 660-685 12-20 Present Study
Cast 262 552 55 [31]
Wrought (cold Finished) 255-310 525-623 30 [31]
Wrought (hot Finished-
annealed) 170 480 40 [31]
Other Studies by DLD 330-395 540-625 35-85 [15,32]
2.5 Discussion of experimental results
Extremely high solidification rates are achievable during DLD due to excessive 
temperature differences between the melt pool and its surroundings; generally resulting in 
finer microstructures [33], leading to parts with higher tensile strength and hardness 
values relative to wrought and cast materials [32,34]. As the traverse speed decreases, 
and the beam exposure time for the deposition layer increases, the cooling and 
solidification rates in the melt pool will decrease resulting in coarser microstructures and 
columnar grains [3,35]. The elongation to failure is often lower for DLD parts due to 
increased porosity, inclusions and their general lack of ductility [3,32]. Porosity can also 
impact the fatigue resistance of the DLD part; as voids can serve as crack initiation sites 
[36]. 
Due to the unique thermal history, and heat treatment, experienced at each point














    
  
        






regions where the melt pool cooling rate is relatively high. For the bottom region, heat is 
quickly conducted away by the build plate and, at the top region radiation/convection 
heat loss is more prevalent due to increased surface area and fewer re-heating cycles. 
Near the-substrate, relatively high cooling rates experienced along the typically initially-
cold build plate. This relatively high heat transfer can result in gas-entrapment within the
melt pool due to vapor recoil. Lower cooling rates, and more cyclic reheating, in the
middle region causes tempering and aging, and typically, a coarser microstructure, and 
this is consistent with the observations of Zhang et al. [15]. 
As shown by the EBSD grain-structure map (of a longitudinal section from the 
bottom region of a single-built specimen) in Figure 2.4(a), columnar growth of dendrites 
with the same orientation throughout their entire length can occur during DLD. Some 
deposited layers are found to also be epitaxial with previously-deposited layers, meaning
that colony growth direction can be the same as the crystallographic orientation of
previously-deposited grains. This indicates that the crystallographic relationship between 
layers is a factor that influences the crystallization process in DLD parts. The laser
penetration depth during fabrication of the single-built samples can encompass multiple
pre-deposited layers, thus, the interface regions of deposited layer boundaries are not 
clearly visible in Figure 2.4(a). 
As the height of a relative-small, single-built (with no time interval) part 
increases, its bulk temperature becomes higher, and consequently, cooling via part-to-
build plate conduction may become lower than the part convection/radiation. As a result, 
directional growth of nuclei perpendicular to the build direction will occur [37]. Due to 




















rates and a more-unidirectional heat flux, elongated austenite grains can be noticed in the
direction of solidification in Figure 2.6(a). It may be seen that the orientation of the
columnar grains tends to incline from the building direction (vertical) towards the laser 
beam or melt pool movement direction in each layer. This can be explained by grains 
developing in a direction parallel with the local conductive heat transfer, and solidifying
in the direction perpendicular to the isotherms [37,38]. Experimental results confirm that 
the local heat transfer conditions, in particular the solidification heat flux direction, 
dictates grain orientation and texture evolution [38,39]. 
2.5.1 Melt pool behavior
Despite the more uniform thermal history inherent to the nine-built samples, 
microhardness values were not homogeneous throughout the thickness of an individual 
deposited layer comapred to single-built samples. This indicates that each deposited track
consists of regions with distinct microstructure and microhardness, as shown in Figure
2.13(a) - which provides a cross-sectional view of a solidified track perpendicular to the 
laser scan direction. Inferences regarding the nature of melt pool solidification can be
made from Figure 2.13(a) by observing the various microstructural distributions/features.  
Due to temperature variation in the melt pool [40,41], the cooling rate varies 
along its single-phase volume [42]; it solidifies rapidly and consists of highly-transient, 
and spatially-dependent cooling rates. Heterogeneous and/or homogeneous nucleation 
can occur; thus forming intermediate zones of both liquid/solid phases.  Solidification 
rates, i.e. local changes-in-volume due to phase-change, will dictate encumbered 
microstructure, i.e. columnar vs. equiaxed, while single-phase/sensible cooling rates will

















   
  
    
    
   
during early phases of solidification, as they will experience high cooling rates once
formed. The highest solidification rates occur near final stages of phase-change and are
typically concentrated near the core of the melt pool.
As shown in Figure 2.13(a), relatively low solidification rates during the initial 
phases of melt pool collapse result in columnar/dendritic structures near the track 
perimeter. Since the melt pool boundary is large at the onset of solidification, the heat 
flux is more unidirectional away from the center of the molten core, influencing grain 
elongation in this direction. In regions near the melt pool center, fine equiaxed structures 
(cellular structure) are observed. These fine structures result from very high solidification 
rates that occur amid final stages of melt pool collapse.  Based on Figure 2.13(a), it 
appears that coarser equiaxed structures are generally found between the columnar and 
fine equiaxed regions. It may also be observed that relatively large equiaxed grains can 
form near the center of the track – and this may be indicative of homogeneous nucleation 
during solidification.
The Marangoni number, Ma, a dimensionless measure of thermally-driven surface
tension forces with respect to viscous forces, is defined as:
𝜕𝛾 𝑟𝑚2 [𝑇−𝑇𝐿]Ma = (2.1)
∂𝑇 𝜇𝛼𝑚 
where 𝜕𝛾⁄𝜕𝑇 is the temperature sensitivity of the molten metal surface tension 
(or surface tension coefficient), T is the local melt pool temperature, TL is the liquidus
temperature, rm is melt pool radius,  is the melt pool dynamic viscosity and m is the 
melt pool thermal diffusivity. Here, for sulfurous stainless steels, the surface tension 





   
 
   
 






increases with temperature. Since the melt pool is superheated, with temperatures above
liquidus, the temperature difference, 𝑇 − 𝑇𝐿, is positive. 
Relative to melt pools of pure metal (no additive/contaminants) with Ma < 0, melt 
pools with Ma > 0 will tend to spread less and be deeper. Furthermore, the Ma > 0 melt 
pool will consist of convective, Bénard–Marangoni flow patterns directed inward from its 
free surface [44]. These convection currents flow through the hot region below the laser 
beam center line and recirculate along the melt pool circumference [44], as shown in 
Figure 2.13(b). The convection will consist of jets due to intersecting vortices, thus 
deepening the melt pool and increasing layer height. The dominant, inward-flowing
Bénard–Marangoni flow direction will provide a solidification front near-parallel with the 


















Figure 2.13 Microstructure and microhardness of a deposited track.
(a) Microstructure and microhardness of a nine-built sample at different regions of an 
individual layer (solidified melt pool cross-section perpendicular to the laser track), and 
(b) schematic of the melt pool flow directions (shown by blue arrows) during initial 
solidification.
The positive Marangoni number flow can help in describing the microstructural 
distribution observed for the cross-section of a solidified track presented Figure 2.13(a). 
For example, an atypically-large columnar structure exists near the laser beam center








     
  
     










   
  
  
columnar grain morphology may be a result of downward-jetting Bénard–Marangoni 
flows existing during early phases of solidification. Based on Figure 2.13(a), it appears 
that, due to convection effects, the molten metal near the jetting zone will solidify to 
more elongated grains and then coarsen due to high cooling rates in the HAZ.
The corresponding values of the Vickers microhardness at different regions of the 
solidified melt pool are presented in Figure 2.13(a). It may be seen that the microhardness
decreases from the center of solidified melt pool (227 HV) towards its boundary (209 
HV) due to an increase in the grain size resulting from lower local solidification rates at 
the boundary. It may also be seen from Figure 2.13(a) that the lowest microhardness
value is obtained at the melt pool/previously-deposited layer interface, and this confirms 
other findings in the literature [9,15,45]. 
2.5.2 Effect of post-DLD heat treatment
In general, heat treating the single-built sample was found to increase the size of 
its grains. Furthermore, due to homogenizing effects of heat treatment on microstructure, 
there is little inconsistency in the microstructure among different regions observed. The
interface regions of deposited layer boundaries (i.e. inter-layer porosity) and the laser 
track footprint are completely vanished. The low angle boundaries (1°–4°) for non-heat 
treated samples, shown in Figure 2.4(b), changes to high angle boundaries (60°) after 
heat treatment as shown in Figure 2.5(b).  The low misorientation angles are indicative of 
the pre-heat-treated material being near-monocrystalline resulting in less dislocation 
densities, and thus its ability to restrain more slip systems [46], since dislocation activity
typically decreases with a reduced misorientation angle [47]. Twinned austenitic grain 























decrease in the interfacial free energy of grain boundaries, as can be seen in Figure 2.5(a). 
It has been found that for FCC structure, annealing twins possess misorientation of 60° 
about <111> [48]. Therefore, increasing the high angle boundaries (60°) after heat 
treatment is resulted from the twin boundary misorientations.
Figure 2.7 clearly shows that the austenite phase (91%) is the dominant phase
within the single-built specimen. However, a relatively small volume fraction of ferrite
(approximately 5-10%) is observed at different regions along the specimen, as can be
seen in Figure 2.7. Although fully austenitic material can be obtained at equilibrium
according to the chemical composition of 316L SS [49], small amounts of δ-ferrite
“islands” were homogeneously formed within the boundaries of austenite grains due to 
the rapid solidification and the presence of chemical elements conducive for ferrite
formation (i.e. Cr, Mo, and Si), as can be seen in Figure 2.7. The EBSD phase fraction 
map in Figure 2.8 demonstrates the corresponding distribution of the austenite and ferrite
phases after heat treatment. It can be observed that fully-austenitic grains are prevalent, 
thus demonstrating that the employed heat treatment significantly decreases the volume 
fraction of the δ-ferrite phase. Note that the volume fraction of δ-ferrite may have a
significant effect on mechanical properties of materials [50].
As can be seen in Figure 2.10, the hardness of a heat treated single-built sample is 
significantly lower due to microstructural coarsening effects of the heat treatment 
process. Since the δ-ferrite phase is harder than the austenite phase at room temperature








   















Heat treatment caused a reduction of approximately 17% in yield strength and 5%
in ultimate tensile strength for the investigated DLD 316L SS specimens, as well as 26% 
increase in elongation to failure, indicating an increase in ductility. Increasing the grain 
size via heat treatment is the main reason for the reduced tensile strength of heat treated 
specimens. Less deviation in yield strength can also be observed for heat treated samples 
at each section (Figure 2.12). This is mainly due to the homogenizing effect of heat 
treatment on the initially-anisotropic microstructure.
Decreasing the amount of the δ-ferrite phase, which has higher strength than the 
austenite phase, via heat treatment, can be responsible for observed lower tensile
strengths. A higher strain hardening rate was observed for heat treated specimens (n = 
0.31) compared to the as-built specimens (n = 0.27). The higher dislocation density
resulting from a higher misorientation angle in heat treated specimens, may also 
contribut;e towards the higher strain hardening rate. A higher misorientation angle
increases dislocation densities [47], resulting in more strain hardening.
Scanning electron microscope (SEM) morphologies from the tensile fracture
surface of the single-built and heat treated single-built specimens are presented in Figure
2.14. A large number of dimples and micro-voids were observed on the tensile fracture
surface of the as-built and heat treated single-built specimens - indicative of a ductile 
fracture, as depicted in Figure 2.14. Moreover, un-melted powder particles resulting from 
lack of fusion can be noticed on the tensile fracture surface of the heat treated single-built 
sample in Figure 2.14(d). This indicates that un-melted powders are, to some extent, 




















51% RA 75% RA 
(c) (d) 
Figure 2.14 Tensile fracture surfaces of single-built 316L SS.
Tensile fracture surfaces of single-built specimens in (a) as-built and (b) heat treated 
conditions (RA: reduction in area). Higher magnification of dimples on fracture surfaces 
of (c) as-built and (d) heat treated specimens.
2.5.3 Effect of DLD inter-layer time interval
2.5.3.1 Microstructure
Variation in grain size was observed for the single-built samples due to 
(indirectly) imposing a relatively-fast build schedule non-conducive for uniform 
microstructure as it promotes a thermal history with bulk temperature rise and 
inconsistent, initial layer temperature throughout the build. When this is the case, the net 
heat transfer into the part is positive for longer time, and this allows for grain growth, and 
in fact, ‘during-the-process heat treatment’ that is unique to each region of the part (i.e. 
bottom, middle, top). Note that the frequency of thermal cycling experienced by the 


















since the intra-layer build schedule consisted of an alternating scan pattern, adjacent 
inter-layer points experienced a different thermal history.  If one were constrained in 
manufacturing time, the intra-layer build schedule could be modified as to allow for 
alternating scan patterns for increased temperature uniformity, in addition, the part could 
be oriented differently, as to allow for less layer deposits with a longer inter-layer time
interval. 
Since the thermal histories experienced by the first few deposited layers for both 
the single-built and nine-built samples are somewhat similar, these layers share more
similar grain sizes. However, in contrast to single-built samples, the examined average
grain size at the middle and top regions of a nine-built sample was consistent with the 
bottom region (approximately 50-60 µm) as they all experienced relatively high, and 
similar, cooling rates. Generally, nine-built samples contain finer microstructures due to 
these higher cooling rates resulting from longer inter-layer time intervals, while reduced 
time intervals result in lower cooling rates and high-temperature aging – favoring the 
creation of coarser microstructure, especially in middle and top regions. No significant 
differences are observed in microstructure for the bottom, middle, and top regions of 
nine-built samples. As the inter-layer time interval increases, the part will reach thermal 
equilibrium with its surroundings before deposition of a new layer; thus, each layer will 
experience more similar heating/cooling rates. Therefore, uniform thermal history is 
experienced by each deposited layer resulting in a more uniform microstructure for the
nine-built rods.
There is no significant difference in austenite and ferrite phase volume fractions 
















    
 
no significant grain-boundary segregation/depletion of alloying elements was observed 
for nine-built samples. Although the volume fractions of these phases may depend on 
processing parameters [52], it appears that different thermal histories, resulting from 
different time intervals between layers, do not have a significant effect on phase fraction, 
or composition.  
2.5.3.2 Porosity
Depending on the combination of process and design parameters, unique thermal 
histories are realizable, thus impacting formation of pores/voids - which can form due to 
lack of fusion between layers, entrapped gas/debris or utilization of porous powders.  At 
layers further from the build plate, lack of fusion can occur due to insufficient laser 
power [53,54], while closer to the substrate, they can form due to very high heat transfer 
rates.
For nine-built samples, the laser penetration depth, or heat affected zone (HAZ) 
size, is altered due to colder, initial layer temperatures and this will impact the degree of
previous-layer remelting, as depicted in Figure 2.15. Therefore, due to this lower laser 
penetration depth, previously deposited layers cannot become molten enough to achieve
sufficient metallurgical bonding between layers. This allows the ‘footprint’ of the laser 
track to be more visible for the nine-built samples as compared to the single-built ones. 
As compared to the single-built samples that consisted of long columnar grains well-
bonded to the previously-deposited layer, nine-built samples show less bonding between 
layers, via comparison Figures 2.4(a) and 2.6(a). The weak bonding between layers may
be attributed to lower laser penetration depths [37] reducing the tendency for extensive









   
 





Figure 2.15 Micrograph showing a section of three layers with porous features atop the
build plate.
2.5.3.3 Ductility and tensile strength
More reduction in area (RA) can be noticed for the single-built specimens, in both 
as-built (RA: 51%) and heat treated conditions (RA: 75%), as compared to the nine-built 
ones (RA: 17%), which indicates more ductility in single-built specimens. However, as 
shown in Figure 2.16, a lower amount of dimples on the tensile fracture surfaces of nine-
built specimens existed – indicating a more brittle-behaving fracture. In addition, voids 
and un-melted regions can be seen along the tensile fracture surface of the nine-built 
specimens in Figure 2.16. These features can be attributed to the lack of fusion (or lower 
HAZ depth) during DLD of this particular plane in which fracture occurred, justifying the




















essentially colder prior to deposition during the nine-built fabrication, and this increases 
the cooling rate – generating finer microstructures and a less ductile behaving sample.  
The elongation to failure of the nine-built specimens is significantly lower than 
the other sets, as well as both cast and wrought materials. However, the elongation to 
failure of the single-built specimens in both as-built and heat treated conditions were
observed to be within the same range as the conventionally-built materials. The lower 
ductility of nine-built specimens relative to cast and wrought materials, as well as single-
built specimens, is attributed to the higher cooling rates experienced during their
fabrication. In addition, the presence of more micro-porosity and intra-layer oxide 
particle in the nine-built samples (due to lack of fusion) may have contributed to the
observed lack of ductility.
An energy dispersive spectroscopy (EDS) spot analysis was conducted to 
determine the elemental composition of an inclusion found on the tensile fracture surface
of a nine-built specimen, as shown in Figure 2.17. The EDS micro-chemical analysis
demonstrated that the inclusion comprised of predominantly oxygen, manganese, 
chromium, and silicon, with no iron content. The high oxygen concentration indicates 
that this inclusion is an oxide consisting of manganese (MnO) and silicon (SiO2). Even 
during DLD in an inert atmosphere, the existence of oxygen can be unavoidable. From 
Figure 2.17, it appears that the nine-built rods were exposed to oxygen, and this exposure
time was longer relative to the single-built samples in which such inclusions were not 
observed. The existence of oxygen between layers can impact the melt pool wetting



















Figure 2.16 Tensile fracture surfaces of nine-built 316L SS.
(a) Tensile fracture surfaces of a nine-built sample (RA: reduction in area), (b) higher 





   
   
 
  







Figure 2.17 EDS micro-chemical analysis of LENS 316L SS.
(a) Inclusions along a tensile fracture surface of a nine-built sample and (b) an EDS spot
spectrum of an inclusion (marked with “+”).
For single-built samples, the bottom and top sections have the highest 
compressive yield strength due to their finer microstructures, as can be seen in Figure
2.11. Lower cooling rates and cyclic reheating of subsequent layers, in the middle of the 
part, leads to a coarser grain size, causing lower yield strength. Nine-built samples 
exhibit more-uniform yield strengths at different distances from the build plate, which 
can be explained by the more-uniform thermal history experienced at each deposited 
layer. Despite having lubricated contact surfaces, longitudinal cracks were observed for 
specimens under compression tests due to barreling effects resulting from frictional 















   
   
   
  
   
 
  
compression loading, the effect of porosity and weak metallurgical bonding between 
layers is less pronounced during monotonic compression tests.
2.5.3.4 Microhardness 
The hardness of the nine-built samples is noticeably higher than the single-built 
samples due to finer grain sizes encumbered due to higher cooling rates. As shown in 
Figure 2.13(a), significant microhardness variations were observed in each layer of the
nine-built samples. The average microhardnesses for single-built samples in as-built and 
heat treated conditions, as well as for nine-built ones, are 185, 157 and 215 HV, 
respectively. These measurements confirm the direct relationship of the densification 
level with microstructure for LENS 316L SS. Furthermore, the first layer (at the build 
plate junction) has the highest Vickers hardness irrespective of time interval, which can 
be attributed to heat sinking effects imposed by the initially-cold build plate; facilitating
rapid quenching. A slight increase in microhardness for the last deposited layer is also 
observed and can be explained by increased convection and radiation heat transfer due to 
increased surface area - resulting in higher cooling rates, and consequently, finer 
microstructures. Due to cyclic reheating and lower cooling rates within the middle region, 
slightly lower microhardnesses are measured for all the samples. 
2.6 Conclusions
Mechanical properties and microstructural features of 316L stainless steel 
specimens fabricated via Laser Engineered Net Shaping (LENS), a Direct Laser 
Deposition (DLD) additive manufacturing method, were investigated while employing





    
  
   






      
  
  
time interval was varied by fabricating one sample/build plate or nine samples/build 
plate. 
The layer-to-layer and track-to-track time intervals experienced during DLD have
a substantial effect on thermal history, and consequently microstructure evolution (i.e. 
grain size and morphology) and mechanical properties (i.e. tension, compression, and 
microhardness) of DLD 316L SS. Based on this finding, process parameters should be
optimized based on the part size and geometry, and appropriate process time intervals 
should be incorporated into manufacturing design; especially if laser power is not 
controlled.
As the utilization and appeal of larger DLD build envelopes and multi-part/large-
part AM increases, an important design parameter for consideration is the elapsed time 
between successive deposits, i.e. time intervals. An important outcome of these
observations is that the time interval, as well as part’s size and geometry, should be 
considered during process parameters selection/optimization. In this study, process 
parameters were selected for a single rod without time interval between layers; hence, the 
results show that the utilized process parameters are not optimal for processed samples 
with time interval or for samples with different size and/or geometry.
Since it is important to minimize the manufacturing time of components in order 
to increase the adaptability of DLD techniques in industry, there is an affinity to build 
multiple parts at once - on one build plate. These parts may then be fabricated one-by-one
(in-series) or all at once (in-parallel). Experimental results indicate that parts built in-
parallel will have different mechanical and microstructural properties than parts built 




   
 

















mechanical properties. In addition, the following conclusions can be drawn from the
experimental results:
1. Longer inter-layer time intervals increase cooling/solidification rates along
each layer which leads to finer microstructure and higher yield and tensile
strengths, as well as lower elongation to failure. Conversely, shorter inter-
layer time intervals decrease cooling rates and increase bulk temperature in 
the part resulting in a coarser microstructure, lower strengths and larger 
elongation to failure.  
2. Distinct microstructures and yield strengths were observed for single-built 
316L SS samples (i.e. without inter-layer time interval), along their 
longitudinal axis, due to non-uniform/highly-transient heat transfer throughout 
the part. Each layer of single-built samples will experience a unique thermal 
history, with layers near the build plate experiencing more thermal cycles 
relative to final deposited layers. 
3. Homogenizing effects of heat treatment on microstructure (i.e. grain size, 
morphology, and orientation) impacted mechanical properties of LENS-
produced 316L SS. Heat treatment increased grain size which resulted in 
lower yield and ultimate tensile strengths, microhardness, as well as larger 
elongation to failure as compared to as-built specimens. 
4. Nine-built samples (i.e. with inter-layer time interval) showed more-uniform 
microstructure and yield strengths near-independent of location relative to 














    
 
    
    
 
 




     
5. As solidification rates increase during melt pool collapse, various 
microstructures with distinct microhardness populate along a deposited track 
of nine-built sample. A cross-section of a solidified track from a nine-built 
sample was observed and it was found that coarse columnar grains, with lower 
microhardness, exist along its boundary, while fine equiaxed grains with 
higher microhardness are concentrated near its center region. The observed 
microstructural distributions can be partially attributed to Bénard–Marangoni 
convection pulling liquid from the free surface of the melt pool towards its
bottom – characteristic of thermally unstable liquids with a positive
Marangoni number – such as 316L SS.
6. No significant differences between the nine-built samples and single-built 
samples were observed with regard to austenite and ferrite phase volume
fraction or chemical composition distribution.
7. Higher ultimate and yield strengths were observed for LENS specimens (both 
for single-built and nine-built) than their cast and wrought forms and this is
attributed to the higher cooling rates inherent to DLD. 
8. Occurrence of imperfections (e.g. voids and un-melted powders) and weak 
metallurgical bonding between layers resulted in LENS specimens having a
lower elongation to failure compared to cast and wrought forms. This effect
was more pronounced for specimens with longer inter-layer time intervals (i.e. 
nine-built samples). Finer microstructures in the LENS specimens may be also 
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EFFECTS OF BUILDING ORIENTATION AND HEAT TREATMENT ON FATIGUE
BEHAVIOR OF SELECTIVE LASER MELTED 17-4 PH STAINLESS STEEL
Yadollahi A, Shamsaei N, Thompson SM, Elwany A, Bian L. International Journal of 
Fatigue (2017) 94, 218-235.
3.1 Abstract
The effects of building orientation and post-fabrication heat treatment (solution 
annealing plus peak-aging) on fully-reversed strain-controlled fatigue behavior of 17-4 
precipitation hardening (PH) stainless steel (SS) fabricated via Selective Laser Melting
(SLM) is investigated.  For this particular alloy, post-SLM heat treatment was found to be
necessary in order to improve its tensile strength and fatigue behavior in low cycle 
fatigue (LCF), where the effects of microstructural impurities are less pronounced. 
However, the selected heat treatment had detrimental influence on the SLM 17-4 PH SS
high cycle fatigue (HCF) performance. The heat treatment resulted in precipitation 
hardening, allowing the SLM parts to become more sensitive to impurities in HCF, where
the crack initiation stage dominates the total fatigue lifetime. Building orientation played 
a significant role on fatigue behavior in both LCF and HCF, owing to the relative 
orientation of deposited layers with respect to applied load. Un-melted regions (i.e. inter-
layer cavities/voids), resulting from insufficient fusion or low laser penetration depth, 


















PH SS due to their relatively large size and irregular shape. These specific regions that 
formed during fabrication of vertically-orientated samples were more detrimental than 
those of horizontally-built ones as they provided more stress concentration under loading, 
leading to lower fatigue strength. Although the process parameters were optimized based 
on maximizing density, the results of this study imply that this criterion is not sufficient 
for improving fatigue behavior, as the split-shaped un-melted regions, containing a large
area with small volume, cannot be taken into account through density measurements.
3.2 Introduction
During the past decade, increasing attention has been drawn to additive 
manufacturing (AM), a unique manufacturing process that allows for parts of various 
complexity to be built layer-by-layer with relatively more ease. Direct Laser Deposition 
(DLD) and Laser-Powder Bed Fusion (L-PBF) are two common laser-based AM 
techniques for metals fabrication. Selective Laser Melting (SLM), a conventional L-PBF
process, involves depositing a thin layer of metallic powder on a substrate and then 
moving a focused laser in a specified pattern along the powder bed.  Due to the high heat 
flux imposed by the laser beam, the irradiated powder melts forming a micro-sized melt 
pool (i.e. molten motel).  Upon removal of the laser, the melt pool rapidly solidifies, thus 
forming individual tracks of solid material with length and direction governed by the
laser scan pattern.  The sum of individual tracks within a plane then forms a layer and this 
process is repeated until the part(s) are completed, as shown schematically in Figure
3.1(a). The building process is typically conducted in an inert atmosphere (e.g. argon) to 
reduce part oxidization while at elevated temperature. Compared to DLD methods, which 













precision, powder efficiency and smoother surface finishes.  Still, the surface finish of 
SLM parts is relatively rough due to partially melted/sintered particles existing along the 
periphery of the manufactured parts.  Post-SLM machining/polishing processes can be
utilized to clean and smooth the as-built surfaces, if required.
Figure 3.1 Laser-powder be fusion 17-4 PH SS.
(a) Schematic of SLM process [1], (b) SEM image of 17-4 PH SS powder used in this 


















Although AM offers the ability to generate highly-customized, conformal parts 
for application by various industries [1], the widespread adoption and utilization of AM 
continues to be challenged by the uncertainty in their mechanical properties – which arise
from the formation of defects and microstructural heterogeneities during fabrication [2]. 
There are many involved process and design parameters for laser-based AM, including: 
laser power, beam travel speed, scanning strategy, and part building orientation.  Various 
combinations of these parameters will result in parts experiencing a unique, and complex, 
thermal history, characterized by unique melt pool thermo/fluidic behavior and a highly-
dynamic, spatiotemporal temperature field within the part, during fabrication [2]. Non-
optimal thermal histories can trigger pore formation by adversely impacting melt pool
wetting, thermal and flow behavior.  In addition, the part temperature field, which is 
highly localized and asymmetric during manufacturing, results in non-uniformity in 
cooling rates and the formation of a non-homogeneous, anisotropic material – providing a
major challenge in predicting mechanical properties of AM components [3].
The building orientation of a part during AM can lead to anisotropy in its 
mechanical behavior based on the alignment of deposited layers (i.e. build plane) relative 
to the applied loading direction(s) [2]. In addition, a part’s aspect ratio relative to laser 
building direction plays an important role in thermal history of part during fabrication. 
For instance, in the case of fabricating a cylindrical bar, a vertically-orientated sample
contains a high building aspect ratio (tall and narrow), while a horizontally-orientated 
sample possesses a low aspect ratio (i.e. short and wide). In other words, in addition to a
















   
 
during fabrication, which ultimately may affect microstructural and mechanical 
properties. 
Precipitation hardening (PH) steels are attractive metals for AM due to their 
weldability and austenitic/martensitic microstructure [4]. These specific alloys have been
used for components and structures utilized in various applications relevant and 
important to nuclear, aerospace, marine, naval and chemical industries. One of the most
widely used PH steel alloys is 17-4 PH stainless steel (SS), as it possesses a relatively
high tensile/impact strength, fracture toughness and corrosion resistance at typical service
temperatures below 300 ºC [5–7]. 
Microstructural and mechanical properties of AM 17-4 PH SS have been reported 
and discussed in the open literature [6,8–12]. Murr et al. [6] examined how raw powder 
production methods and fabrication’s atmosphere (nitrogen or argon) affect the properties 
of SLM 17-4 PH samples - including the effects of raw powders produced via gas 
atomization under either nitrogen or argon. Their results showed that powder preparation 
and fabrication’s atmosphere can affect microstructure, precipitates, phase volume
fractions, and hardness of this alloy. Rafi et al [8] investigated the effect of different post-
fabrication heat treatments on the mechanical properties and microstructural features of 
SLM 17-4 PH SS. Luecke and Slotwinski [9] showed that the building orientation could 
affect the tensile behavior of SLM 17-4 PH. Facchini et al. [11] studied the effect of 
microstructure of SLM 17-4 PH SS on its tensile properties. They also investigated the
effect of the strain-induced transformation of metastable austenite, produced by SLM, on 




















In general, results indicate that AM 17-4 PH SS can meet the monotonic (i.e. 
static) mechanical properties (e.g. tensile, compression, hardness, etc.) of its wrought and 
cast counterparts which are most often received in solution annealed (Condition A) plus 
aged conditions [7]. However, a more major concern regarding AM 17-4 PH SS, and any
metallic AM part for that matter, is its fatigue behavior, since this is the most common 
means for mechanical failure in many engineering components and structures. Unlike
failure due to sudden or monotonic loads, fatigue is a localized failure mode resulting
from cyclic loading over longer periods of time.  In fact, fatigue failure, as a result of 
cyclic loading, can occur due to mechanical stresses that are much lower than stresses 
that cause monotonic failures.  For fatigue life analysis, the ‘stress-life’ method relates 
nominal stresses to local fatigue strengths and is traditionally used in HCF regime. 
However, the ‘strain-life’ method is more comprehensive since it better incorporates 
plastic deformation at localized regions; consequently, it can better characterize the 
fatigue behavior of a material, specifically in the presence of plastic deformations –
making it the most appropriate for LCF applications [13].
More research is needed to better understand the failure mechanisms of AM 
components under cyclic loading in order to more reliably evaluate and predict their
optimal fatigue design [2].  There are only a few investigations with a focus on the mid-
life and high cycle fatigue (HCF) behavior of AM 17-4 PH SS, mostly conducted using
force-controlled tests; such as [12,14]. Stoffregen et al. [12] studied the effect of surface
condition (as-built and machined) on HCF behavior of SLM 17-4 PH SS and observed 
higher fatigue strengths for machined specimens. Mower and Long [14] also recently















   
  
   
    
   
  
     
fabricated via direct metal laser sintering (DMLS). They reported higher fatigue strengths 
for horizontally-built specimens as compared to the ones orientated 45 degrees with 
respect to the build plate during fabrication. However, to the best of the authors’
knowledge, there are no readily-available reports on the strain-controlled low cycle 
fatigue (LCF) and HCF behavior of AM 17-4 PH SS in the open literature. 
In this study, the effects of building orientation (i.e. vertical versus horizontal)
and heat treatment on strain-controlled fatigue behavior of SLM 17-4 PH SS are
investigated. First, the experimental procedures and results are presented. Next, the
monotonic and cyclic deformation, as well as the fatigue behavior and failure
mechanisms of various SLM 17-4 PH SS specimens are discussed.  This is followed by a
discussion on requirements for a meaningful process parameter optimization to enhance
mechanical behavior of AM products. Finally, the main conclusions drawn from this 
study are summarized.
3.3 Experimental procedure and results
3.3.1 Specimen fabrication and preparation
Commercially-available, gas-atomized (argon) 17-4 PH SS powder (Phenix 
Systems) with 80% of its particle size distribution below 22 µm was utilized in this study. 
Scanning electron microscopy (SEM) images of the typical, as-received powder 
morphology is shown in Figure 3.1(b). It may be seen that the majority of the as-received 
powder possessed a spherical shape. Process parameters (i.e. laser power, scanning speed, 
layer thickness, and hatching pitch) were optimized to obtain an acceptable level of final 
part density using a design of experiments (DOE) methodology [15]. The optimized










            
    
 
Table 3.1 Utilized SLM process parameters for fabricating 17-4 PH SS rods 
Laser Power (W) Scanning Speed (mm/s) Hatching Pitch (μm) Layer Thickness (μm)
48 300 50 30
      
   





    
   
    
        
    
  
are summarized in Table 3.1 and were utilized for fabricating two different groups of 17-
4 PH SS samples within an argon-purged SLM machine (ProX™ 100). The first group 
contained vertically oriented cylindrical rods, while the second group contained 
horizontally orientated cylindrical rods, as depicted in Figure 3.1(c) and 3.1(d), 
respectively.  The cylindrical rods from each set possessed an 8 mm diameter and 75 mm
height (all dimensions nominal and refer to actual CAD drawing).
It has been found that precipitation hardening does not occur via direct aging of
17-4 PH SS [8]. Therefore, half of the as-built samples, from both the ‘vertical’ and 
‘horizontal’ sets, underwent post-SLM heat treatment consisting of (in order): solution 
annealing for 30 min at approximately 1040 °C, air cooling (AC) to room temperature
(Condition A), precipitation hardening for 1 hour at 482 °C, then AC to room 
temperature (Condition H900 or peak-aging). Heat treated and non-heat-treated samples 
were machined into tensile and fatigue test specimens, as shown in Figure 3.2. In order to 
quantitatively assess intra-part defects, the gage sections from selected specimens were
scanned using an X-ray Computed Tomography (CT), dual-focus (220 kV-microfocus 
and 150 kV-nanofocus) system (Pheonix) with 1 micron resolution. The gage section of 
all fatigue specimens were polished in order to minimize any effects due to surface
machining marks and micro-notches arising from partially-melted powder particles. The





    
   
 









   
      
 
   
  
reflectance) measurement system and found to be ~ 0.7 m. Various samples were cut 
along their gage section, polished and electro-etched using a 40% nitric acid solution at 2
V for 30 s for subsequent microstructural investigation.
Figure 3.2 Dimensions of tensile and fatigue specimens.
3.3.2 Experimental procedure
Monotonic tension tests were conducted using an Instron 5882 servo-hydraulic
testing machine with a ±100 kN maximum loading capacity at a 0.001/s nominal strain 
rate. Fully-reversed (Rε = -1) strain-controlled fatigue tests were performed using an MTS
Tabletop 858 machine under various strain amplitudes at room temperature. Fatigue
experiments were conducted in accordance with ASTM E606 [16] using a sinusoidal 
loading waveform until failure occurred or 106 cycles were achieved, in which the test 
was considered to be a ‘run-out’. Fatigue test frequencies were adjusted for each test so 
that strain rate was approximately the same for all fatigue tests. Tensile and fatigue
fracture surfaces were examined using SEM to determine fracture characteristics. One
specimen from each set (e.g. vertically- or horizontally-built and as-built or heat treated)




   
  
   









     
 
 
   
 
 
field emission SEM equipped with an electron backscatter diffraction (EBSD) detector. 
Chemical composition analysis of particles present on facture surfaces was carried out 
using SEM-energy dispersive spectroscopy (EDS).
3.3.3 Experimental results
Tensile properties of the vertically and horizontally oriented SLM 17-4 PH SS
specimens, in either their as-built (AB) or heat treated (HT) condition, are presented in 
Figure 3.3. The results indicate that building orientation during SLM and post-
manufacturing heat treatment (solution annealing plus peak-aging) have significant 
effects on the monotonic tensile behavior of SLM 17-4 PH SS. Yield and ultimate tensile
strengths were significantly affected by the post-manufacturing heat treatment, while
elongation to failure was mostly influenced by part building orientation. The effects of 
heat treatment on the investigated SLM parts are attributed to the formation of 
precipitates in the material matrix, as well as the altering of other microstructural 
features, i.e.: phase volume fraction, grain size and morphology, while the build 
orientation has direct influence on the damage evolution under loading.  A part’s building
orientation during SLM influences its cooling rate (due to the part’s aspect ratio), and 
thus encumbered microstructure, while the final orientation of deposited layers (which 
depend on build direction) impacts part strength in various loading directions. For 
instance, the vertically oriented SLM samples consist of deposited layers, perpendicular 








    






     
   
  
   
   
Figure 3.3 Engineering stress-strain curves of SLM 17-4 PH SS in different 
conditions.
Optical micrographs of the radial cross-section of horizontal SLM 17-4 PH SS
samples, in the as-built and heat treated conditions, are presented in Figure 3.4(a) and 
3.4(b), respectively. Figure 3.4(a) provides a unique perspective of individual tracks (i.e. 
solidified melt pool) with cross-sections collinear with scan direction. From Figure
3.4(a), it may be observed that large elongated grains are present around the track 
boundaries. This is due, in part, to lower local solidification rates in this region – where
stable melt pool densification tends to initiate, while finer grains are concentrated near 
the center of the melt pool where higher solidification rates are expected [3]. As can be
seen from Figure 3.4(b), post-SLM heat treatment has a substantial impact on part
microstructure. Specifically, the utilized solution annealing and peak-aging processes 
resulted in recrystallization and homogenization of microstructure and removed 















   
 
as-built samples, and this can be verified by comparing Figures. 3.4(a) and 3.4(b). 
Formation of numerous precipitation particles in the martensite matrix during the peak-
aging treatment was later confirmed to result in the material becoming significantly
harder with higher tensile strengths and lower elongation to failures. Although these
figures might be misleading, it should be noted that heat treatment cannot remove 
porosity.
Figure 3.4 Optical micrographs of SLM 17-4 PH SS.
Radial cross-section images of horizontal SLM 17-4 PH SS specimens in (a) as-built 
(AB) and (b) heat treated (HT) conditions.
Examination of microstructure revealed the presence of voids; including pores
and un-melted regions between layers (i.e. weak metallurgical bonding), which can be
attributed to entrapped gas and low laser penetration depth, respectively. Un-melted 
regions were found to be irregularly-shaped, and most importantly, slit-shaped, as can be
seen in Figure 3.4(a). Such voids can impact the mechanical properties of the material, 
especially its elongation to failure and fatigue behavior significantly. In addition, the 





    




     
   




   
    
    





shaped pores resulting from entrapped gas. These un-melted regions can cover a broad 
cross-sectional region and consist of relatively small volume – making their presence
nearly undetectable via bulk density measurements that employ Archimedes’ principle. 
Therefore, optimizing SLM process parameters for fully-dense parts, as measured by
Archimedes’ method, is not necessarily the most effective approach for ensuring part 
quality and mechanical integrity.
X-ray computed tomography (CT) was employed to visualize and quantify
porosity (at the micron-scale) within the gage sections of horizontal and vertical 
specimens. The voxel size was 11.9 µm3 for the vertical sample and 9.42 µm3 for the 
horizontal one. A typical sample provided 512 slices in each direction. The number of 
angles used was 600, and exposure times within the CT were 800 ms for each of the 600 
images. Movie 1 shows a 3D volumetric rendering of the measured void distribution 
within the gage section of the vertical and horizontal specimens. Note that supplementary
material related to this study is archived and accessible online at doi:
http://dx.doi.org/10.1016/j.ijfatigue.2016.03.014. Various defect statistics, such as 
number of detected voids, and their total and average volumes, are presented in Table 3.2. 
It may be seen that a larger number of voids have been detected within the gage section 
of the horizontal specimens relative to the vertical ones. Results suggest that only voids
with a dimension larger than ~15 μm could be detected in this alloy due to attenuation.
However, it should be noted that the effect of small voids, which have not been detected 
due to the limited resolution of the employed X-ray CT machine, on some mechanical 





   
   
   
   
   
   
   
    











     
  
   
 
Table 3.2 Nondestructive defect analysis of SLM 17-4 PH SS via X-ray CT.
Parameters Vertical Horizontal
Total scanned volume (mm3) 47 40
Number of detected voids 348 590
Total detected defect volume (mm3) 0.26 0.3
Average of void’s area , A (μm2) 11.8E4 7.8E4
Average of void’s volume, V (μm3) 7.5E5 5.1E5
Smallest volume of a detected void, V (μm3) 2.3E3 1.1E3
Largest volume of a detected void, V (μm3) 7.4E6 4.9E6
Average of sphericity, Φ 0.43 0.39
The thermal history experienced during fabrication may affect void shape, size, 
and distribution as supported by the void statistics for both vertical and horizontal 
samples reported in Table 3.2. Taking into account the total volume of detected voids, the
results demonstrate that horizontal specimens possess a higher level of porosity per unit 
volume (~0.73%) as compared to vertical counterparts (~0.55%). However, the average
and maximum void volumes detected for vertical specimens were found to be slightly
larger.
Besides a void’s size, its shape (i.e. geometry) can greatly affect the mechanical 
behavior of AM parts. One measure of void shape is sphericity, Φ; a dimensionless term 
that can be used for comparing voids of irregular shapes with that of a spherical shape
[17,18], noting that the simplest of the three-dimensional shapes is the sphere (i.e. Φ = 1). 
Sphericity can be defined as the surface area, A, of a sphere of identical void volume, V,
divided by the actual surface area of the void [18], i.e.:
4𝜋 𝑉2/3 








    
  
Therefore, as the shape of the void deviates from that of spherical shape, Φ 
decreases in magnitude. As shown in Table 3.2, the average sphericity values of voids in 
vertical and horizontal specimens are similar (Φ ~ 0.4), indicating that voids in SLM 17-4 
specimens are ‘flake-like’ in shape. This is due to the fact that most of the detected voids 













Figure 3.5 Electron backscatter diffraction (EBSD) of SLM 17-4 PH SS. 
EBSD maps of selected areas in the middle region of (a) vertical and (b) horizontal AB 
samples. 
Phase distribution maps, determined by EBSD scans, for large cross-sectional 






   
  
      
  
 
    
    
  
 









the SLM 17-4 PH SS samples are not completely martensitic, but contain retained 
austenite (i.e. the austenite that does not transform to martensite upon cooling). Due to 
the relatively fast travel speeds and focused laser heating, the SLM process promotes fast 
solidification and cooling rates during or immediately after melt pool densification. These
rapid solidification and cooling rates are high enough for martensite formation [19]; 
however, the refined austenitic grain size resulting from the SLM process can reduce the 
martensite start (𝑀𝑠) temperature, which gives rise to incomplete martensite
transformation, and consequently, retained austenite in the final microstructure [8]. 
Retained austenite primarily occurs at grain boundaries, where the atomic arrangement is
more irregular and martensite can no longer grow [20]. Consequently, finer grain sizes of 
SLM 17-4 PH SS samples, containing more grain boundaries per unit volume, may lead 
to the presence of more retained austenite.
The presence and amount of retained austenite may significantly influence the 
material’s strength, toughness, strain hardening and elongation to failure [6,8]. In general, 
the tensile strength and hardness of the fabricated part typically reduces with higher 
amounts of retained austenite phase, while retained austenite can be beneficial for 
increasing strain hardening and elongation to failure. The EBSD phase fraction maps
indicate that horizontal AB samples contain an average of ~7% retained austenite, while
only an average of ~3% retained austenite is detected for vertical AB samples. The
difference in the volume fraction of retained austenite within the vertical and horizontal 




Table 3.3  Fatigue test results of SLM 17-4 PH SS.
𝜀𝑎  (%) 
∆𝜀𝑝   (%) ∆𝜀𝑒 
2   (%) 𝜎𝑎  2  Measured














 0.036  0.364
 0.029  0.341
 0.018  0.282
 0.012  0.288
 0  0.20
 0  0.20
 0  0.15
 0  0.15









































 0.024  0.376
 0.020  0.380
 0  0.30
 0  0.30
 0  0.20
 0  0.20
 0  0.15
 0  0.15
 0  0.12
 0  0.12













































 0.036  0.364
 0.030  0.370
 0.014  0.286
 0.010  0.290
 0  0.20
 0  0.20
 0  0.20
 0  0.20










































 0.033  0.467
 0  0.40
 0  0.40
 0  0.30
 0  0.30
 0  0.25
 0  0.25
 0  0.20
 0  0.18
 0  0.18
 0  0.15
 0  0.12























































    
    
  
   
    
 
   
The results of the constant amplitude fully-reversed (Rε = -1) strain-controlled 
fatigue tests for SLM 17-4 PH SS for all investigated conditions are summarized in Table 
3.3. As seen, the scatter in results was greatest for tests conducted in longer life regimes 
and least for tests conducted in shorter life regimes. This is due to the fact that the
influence of impurities/defects on fatigue life is more pronounced in the HCF regime, in 
which crack initiation constitutes a dominant part of total fatigue life.  The observed 
scatter in data can be attributed to variation in defect size, shape, and location (i.e. 
distance from surface).  Furthermore, the scatter in the fatigue lives observed in the HCF
regime, as shown in Table 3.3, may arise, in part, from mean stress effects. Both tensile
and compressive mean stresses were observed during fully-reversed strain-controlled 
tests. The beneficial effects of compressive mean stress and detrimental effects of tensile
mean stress on fatigue life are well known; the more tensile mean stress, the more
reduction in fatigue life. 
3.4 Deformation behavior
3.4.1 Monotonic tensile deformation
In general, yield and ultimate tensile strengths of laser-deposited materials in their
as-built condition are mostly comparable, or even higher, than those of wrought and cast 
materials due to the relatively high cooling rates experienced during fabrication –
favoring the production of finer microstructures [2]. However, the monotonic tensile
results, listed in Table 3.4 and presented in Figure 3.3, suggest that a post-manufacturing
heat treatment (similar to the one typically performed for the wrought 17-4 PH SS) may
be necessary for enhancing the mechanical properties of SLM parts to the level of 









    
  






   
 
      
      
      
     
 
      
      
     
 
       
     
     
       
      
     
Table 3.4 Deformation and fatigue properties of SLM 17-4 PH SS at different 
conditions.








E (GPa) 187.3 187.3 187.3 187.3
𝜎𝑦𝑠 (MPa) 580 1,020 650 1,250
𝜎𝑢𝑡 (MPa) 940 1,150 1,060 1,410
Elongation to failure, % 5.8 2.8 14.5 11
Cyclic Deformation
Cyclic strength coefficient, 𝐾 ′ (MPa) 1,225 1,141 1,567 NA
Cyclic strain hardening exponent, 𝑛 ′ 0.19 0.10 0.23 NA
R2 0.82 0.70 0.97 NA
Fatigue
′Fatigue strength coefficient, 𝜎𝑓 (MPa) 2,043 7,002 2,100 8,622
Fatigue strength exponent, b -0.15 -0.26 -0.13 -0.26
R2 0.93 0.91 0.97 0.95
′ Fatigue ductility coefficient, 𝜀𝑓 (%) 1.8 3.4 2.7 NA
Fatigue ductility exponent, c -0.53 -0.60 -0.54 NA
R2 0.97 0.99 0.99 NA
 
condition, with a yield stress of 1,370 MPa and ultimate tensile stress of 1,450 MPa [21], 
as-built SLM specimens (in both orientations) exhibit significantly lower yield and 
ultimate tensile strengths. As seen from Figure 3.3 and Table 3.4, after heat treatment (i.e. 
solution annealing and peak-aging), the yield and ultimate tensile strengths of SLM 17-4 
PH SS became comparable with wrought material in H900 condition. This behavior is 
due to the precipitation of chromium-nickel-copper which occurs during peak-aging (i.e. 
at 450º-510 ºC) – which does not take place spontaneously for as-built samples during
fabrication. These fine precipitates prevent dislocation movement causing the material to 





     
  
     
  
   
   





     
  
  
      
  
  
   
   
  
Process parameters for SLM, especially the scan speed and layer thickness, have
been reported to have significant effects on the volume fraction of martensite and 
retained austenite phases in stainless steels [23]. As the building orientation influences a
part’s thermal history during fabrication, it is expected to also affect its eventual grain 
sizes and phase fraction [3,10]. The higher amount of retained austenite in horizontal AB
samples, presented in Figure 3.5, is due to the fact that these parts experience higher 
cooling rates – leading to refinement of austenite grain size as compared to the vertical 
AB counterparts. Due to the larger layer deposit area for horizontal samples, the time 
interval between melted layers is evidently longer (~160 s) as compared to vertical ones 
(~55 s) – considering fabricating 4 samples at a time for horizontal set and 12 samples at 
a time for vertical set. This allows more thermal energy to dissipate through 
surroundings, powder bed and previously melted layers, and consequently, the 
temperature at the start-point of each printed layer decreases. Thus, a higher 
initial/average temperature difference between the melt pool and deposition surface
occurs, leading to higher cooling rates for the horizontal samples during manufacture [3].
Solution annealing and tempering during peak-aging also plays a role in converting the 
remaining retained austenite to martensite [24]. EBSD mapping data for phase fraction 
revealed ~5% reduction in volume fraction of retained austenite in horizontal samples
after heat treatment, typically resulting in an increase in the strength of the material.
Elongation to failure of vertical specimens is noticeably lower than that for
horizontal specimens in both AB and HT conditions, as seen in Figure 3.3. This can be
justified by differences in porosity and deposited layer orientation (in vertical and 





   
 
    
   
 
      
     
    
 
  
     
       
     
     
  
 
     
   
   
  
  
the vertical specimen possesses less porosity per unit volume and larger voids as 
compared to the inspected horizontal specimen.  For the vertical specimens, the weak 
interfacial layers are perpendicular to the tensile load direction, providing easier paths for
void growth and coalescence. However, in the horizontal samples, these layers are
parallel to the loading axis, and this retards the opening and expansion of voids [25], as 
seen in Movie 1. All of these observations suggest that considering only a part’s density
(or total porosity) is insufficient for determining its mechanical integrity.
Fractography of the fractured tensile specimens revealed a quasi-cleavage fracture
mode; a mechanism which involves both micro-void coalescence and cleavage. The
fracture surfaces presented a slight amount of relatively small dimples and possessed a
relatively flat topology, indicating that the specimens failed in a more brittle manner with 
limited plastic deformation. The contributions of micro-void coalescence and cleavage
failure mechanisms were found to be different for AB and HT specimens. Cleavage
failure mechanism was more prevalent for the HT specimens relative to the AB ones, 
while the presence of micro-void coalescence (dimple fracture) was more visible on the
fracture surfaces of AB specimens – independent of building orientation. Moreover, the
fracture surface of HT specimens demonstrated small and non-uniform dimples, 
indicating more brittle fracture. 
SEM images of a tensile fracture surface for a horizontal AB specimen are
presented in Figure 3.6. Voids including pores resulting from entrapped gas, as shown in 
Figure 3.6(b), and an un-melted region due to lack of fusion and/or low laser penetration 
depth, as shown in Figure 3.6(c), were observed on the fracture surface. In addition, 




    
  
      
    
 
   
 
 
Figure 3.6(d)), which typically act as micro-void initiation sites, were also present on 
fracture surfaces of all sets of specimens. De-bonding and cracking of particle-matrix
interfaces, from both secondary phase and un-melted particles, can serve as nucleation
site during loading; resulting in the expansion of voids, and finally, their coalescence. 
Figure 3.6 Tensile fracture surface of SLM 17-4 PH SS.
(a) Tensile fracture surface of a horizontal SLM 17-4 PH SS in AB condition and higher 
magnification of (b) pores, (c) un-melted regions, as well as (d) un-melted powder and 





   
   
   
  








   
An energy dispersive X-ray spectroscopy (EDS) spot analysis was conducted to 
determine the elemental composition of a typical second phase particle found on the 
tensile fracture surface of all conditions, as shown in Figure 3.7 for a vertical AB
specimen. The EDS results reveal that the particles are enriched with C, O, Cr, and Fe,
indicating formation of carbides and oxides (chromium and iron) during part fabrication –
which form mostly along the grain boundaries. Formation of such particles in the
microstructure can be detrimental to the ductility and fracture toughness of the material 
[26]; however, effects of these particles is negligible in the presence of large voids (~100 
μm in this study).
Figure 3.7 Energy dispersive spectroscopy (EDS) line spectrum of SLM 17-4 PH SS.
EDS spot spectrum of an inclusion along a tensile fracture surface of a vertical SLM 17-4 
PH SS in AB condition.
3.4.2 Cyclic deformation
Figure 3.8 presents superimposed midlife (i.e. stable cycle) hysteresis loops of the





     
   
 
       
    
    
   
seen in Figure 3.8, there is no plastic deformation at low strain amplitude (i.e. below 
0.2%) – for all conditions. Furthermore, the amount of plastic deformation is not much 
significant even at mid- and high-level of strain amplitudes compared to total strain. Both 
vertical and horizontal AB specimens exhibited plastic deformations at strain amplitude 
levels above 0.3%. However, vertical HT specimens only demonstrated noticeable plastic 
deformations at higher strain amplitude levels (i.e. 0.4% and above). Horizontal HT
specimens did not show plastic deformation even at 0.4% strain amplitude since this was









    








Figure 3.8 Hysteresis loops for fully-reversed constant amplitude strain-controlled 
fatigue tests in different conditions.
Using the hysteresis loops at a steady state cycle (i.e. around mid-fatigue life), the 
cyclic deformation properties of the materials, including the cyclic strength coefficient,
𝐾′ , and cyclic strain hardening exponent, 𝑛′ , can be determined, respectively, by the 




     
 








   
     
 
  







amplitude, Δεp/2, in the log-log scale. The cyclic stress-strain behavior can then be
obtained by the following Ramberg-Osgood relationship [13]:
1 
∆𝜀 ∆𝜀𝑒 ∆𝜀𝑝 ∆𝜎 ∆𝜎 𝑛′ = 𝜀𝑎 = + = + ( ) (3.2)2 2 2 2𝐸 2𝐾′ 
where E is the modulus of elasticity obtained from the monotonic tests.
Cyclic deformation properties of all investigated conditions, except the horizontal
HT specimens, are presented in Table 3.4. For horizontal HT specimens, only the strain 
amplitude of 0.5% possessed plastic strain, which is not sufficient for determining cyclic
deformation properties based on Ramber-Osgood equation. However, the cyclic
deformation behavior of horizontal HT specimens can be well presented only by an 
elastic term based on modulus of elasticity. Cyclic deformation curves are compared to 
the monotonic tensile data in Figure 3.9. Although most of the cyclic data are collected 
within the elastic region, hardening phenomena can be observed since the cyclic curves 
and data are above the monotonic curves.
Variations of tensile and compressive peak stresses during cyclic deformation are
presented in Figure 3.10 for all material conditions investigated in this study. As seen, a
transition toward tensile mean stress can be observed for all sets at some strain levels, 
while the responses are fairly steady for others. Although the driving factors controlling
these phenomena are unclear, detrimental influence of tensile mean stress on fatigue life
would naturally be expected. After initial variations, both extreme tensile and 
compressive stress responses of all conditions increased continuously with increasing
cycles at strain amplitudes above 0.3% – known as cyclic hardening, an indicator of the 











   
 
     
occurs commonly for stainless steels, can be detrimental for fatigue life under strain-
controlled tests – increasing the fatigue damage at fixed strain amplitude; while it can be
beneficial for a force- (stress-) controlled test, since the strain level drops to a lower 
value. For SLM 17-4 PH SS containing retained austenite, a metastable phase, cyclic
hardening possibly occurs due to stress/strain-induced austenite to martensite phase
transformation. Cyclic hardening may also arise from microstructure alterations such as: 
slip bands and dislocation generation/interaction, precipitation formation on dislocation, 












   
 
    
  
    









Figure 3.10 Cyclic peak stress responses of SLM 17-4 PH SS.
Cyclic peak stress responses of fully-reversed constant amplitude strain-controlled 
fatigue tests for SLM 17-4 PH SS in different conditions.
Results indicate that precipitation formation on dislocations and DSA effects
cannot be major sources for causing the observed cyclic hardening in the SLM samples.
In-situ fine precipitates at dislocations during cyclic straining have been reported to not
form in 17-4 PH SS at a temperature below 300 ºC [27]. In general, a very long period of
time is needed for precipitation on dislocations to occur [22], and the duration of the high 




   
   
 
   
 
   
 
 
   
  
   
  
  
   
     
   
     
   
 
     
   
   
flows (Portevin-Le Chatelier effect), a well-known manifestation of DSA, is visible in the
stress-strain hysteresis loops presented in Figure 3.8 [27]. A critical strain value is 
generally required for the onset of serrations in curves and the plastic deformation of 
specimens in this study is not severe enough for appearance of serrations. 
Results indicate that the cyclic hardening in SLM 17-4 PH SS at high strain
amplitudes is attributed to martensitic transformation, and that the amount of 
transformation and hardening is proportional to the cumulative plastic deformation level. 
Rearrangement of slip bands, and the dislocation structure within slip bands, can also 
cause additional cyclic hardening. Due to the low stacking fault energy (SFE) of retained 
austenite, planar slip occurs readily, leading to the development of martensite nucleation 
sites and resulting in cyclic hardening [28]. At lower strain levels (i.e. below 0.3%), no 
significant cyclic hardening can be observed in all specimen conditions, indicating a 
certain amount of plastic strain is necessary to induce martensite formation. From Figure
3.10, the cyclic plastic strain amplitude threshold can be estimated as approximately
0.3% for SLM 17-4 PH SS in both the AB and HT conditions. Although martensite
transformation can occur after a considerable number of cycles at low strain amplitudes, 
hardening related to austenite to martensite phase transformation is more pronounced at 
higher plastic deformation levels – where cellular structure can be fully developed and 
the density of shear bands is being continuously increased. 
In an attempt to further characterize the cyclic hardening, EBSD scans were
carried out on the gage sections (sufficiently far from the fracture surface) of horizontal
AB specimens, after each fatigue test, to measure the fraction of each phase at different 




   
 
 
   
    
      
  








   
of each phase for a horizontal AB specimen fatigue tested at 0.5% strain amplitude. The
EBSD mapping data imply that the percentage of martensite phase increases from ~93%
to ~98% (i.e. 5% strain-induced transformation in average) after fatigue testing (at 0.5% 
strain amplitude). However, transformation of retained austenite was not significant at 
0.3% strain amplitude. From Figure 3.10, the rate of hardening seems to be greater for 
AB specimens compared to HT specimens as characterized by the steeper slope. This is 
due to a lower amount of retained austenite being present within the HT specimens
(hence, there will be less that can be transformed); in addition, the applied strain 









Figure 3.11 EBSD map a horizontal AB specimen after fatigue test at 0.5% strain 
amplitude.
3.5 Fatigue behavior and failure mechanism
3.5.1 Fatigue behavior
Using constant amplitude, fully-reversed fatigue test data, the strain-life curve can 








     
  
   




   
  
    
  
 
    
  
 
    
    
     
    
 
(3.3)
′where 𝜎𝑓 is the fatigue strength coefficient and 𝑏 is the fatigue strength exponent,
obtained from the intercept and slope of the best line fit to elastic strain amplitude, Δεe/2,
′versus reversals to failure, 2𝑁𝑓, data in log-log scale, respectively. The constant 𝜀𝑓 is the
fatigue ductility coefficient and 𝑐 is the fatigue ductility exponent, obtained from the
intercept and slope of the best line fit to plastic strain amplitude, Δεp/2, versus reversals to 
′ ′failure, 2𝑁𝑓, data in log-log scale, respectively. Values of 𝜎𝑓, 𝜀𝑓, 𝑏, and 𝑐 were obtained 
by performing least squares data fits according to ASTM standards E739 [29]. Run-out 
data was excluded from data fitting in order to obtain more conservative estimates. The
differences between calculated and measured elastic/plastic strains are non-negligible; 
thus, the measured values were used for determining fatigue coefficients. Table 3.4
provides the uniaxial fatigue properties for SLM 17-4 PH SS in all conditions. The
elastic, plastic, and total strain-life data and fits obtained from fully-reversed (Rε = -1) 
constant amplitude strain-controlled fatigue tests are presented in Figure 3.12. As seen, 
plastic strains are orders-of-magnitude smaller than elastic strains for both AB and HT
conditions– independent of building orientation; hence, even at high strain amplitudes, 
the total strain-life curves follow the elastic strain-life curves. 
The strain amplitudes versus fatigue lives of the various SLM 17-4 PH SS
specimens (in different conditions) are compared in Figure 3.13. As it may be seen, the 
HT specimens – regardless of building orientation – demonstrate higher fatigue strengths 
relative to their AB counterparts in LCF, but the opposite trend occurs for HCF. The




   
     






   
cycle fatigue strength of steels typically increases with an increase in tensile strength (or
hardness) [30]. Since crack initiation typically dominates total fatigue lifetime in HCF
[13], it is expected that HT specimens exhibit more HCF life as compared to their AB
counterparts. The HT specimens possess higher strength and more resistance to 
dislocation movement (within its material matrix), which results in its enhanced 
resistance to crack initiation. In addition, fine, coherent precipitates in the material matrix













   
    
   
  
   
 
    





Strain-life curves including elastic, plastic and total strain amplitudes of SLM 17-4 PH 
SS in different conditions.
However, these are not true for SLM specimens that may already contain defects 
as large as 100 m. In this case, a less brittle behaving material can possibly
accommodate an increased stress field around inclusions/defects through a larger local 
plastic zone, avoiding cracking. Thus, defect size, shape, and location may play a more
dominant role in HCF life of SLM parts. Contrary to wrought materials, the peak-aged 
SLM 17-4 PH SS specimens (found to be more sensitive to impurities) exhibited lower 
HCF strength. Furthermore, as seen from Table 3.3, the detrimental influence of tensile
mean stress is more pronounced for HT specimens. For instance, a horizontal HT
specimen tested at 0.18% strain amplitude, containing larger tensile mean stress, shows 
lower fatigue life than the one tested at 0.2%.







    
   
  
   
     
     
  
 
   
 






According to Figure 3.13, building orientation also influences fatigue behavior. 
Horizontal specimens show higher fatigue strengths relative to vertical ones (in both AB
and HT conditions); the differences are noticeable in both short life and long life regimes
– though, it is more pronounced in HCF. Different factors can be responsible for the
observations such as level of porosity and residual stress, as well as the orientation of 
deposited layers with respect to applied load axis/direction. As discussed earlier, the
horizontal specimens in both AB and HT conditions were found to have higher strength 
and higher elongation to failure, and these traits are beneficial for fatigue resistance
during HCF and LCF, respectively. In addition, as seen in Table 3.2, horizontal 
specimens generally contained smaller voids and a higher level of porosity as compared 
to vertical counterparts. Since the size of voids plays more important role than total 
porosity on fatigue strength – especially in HCF, a smaller number of large voids can be
more detrimental on fatigue performance than a larger number of small voids, due to 
fatigue being a localized phenomenon.
The orientation of deposited layers with respect to the loading axis also plays a
significant role in anisotropic mechanical behavior of vertical and horizontal specimens. 
For a vertical specimen, deposited layers, and therefore, the major axis of a split-shaped 
un-melted region are perpendicular to the loading axis; however, in horizontal specimens,
the major axis of an un-melted region is orientated parallel to loading axis, as 
demonstrated in Movie 1 and shown schematically in Figure 3.14. Thus, the stress 
concentration of an un-melted region, in which the major axis orientated perpendicular to 







    
 
 
   






   
    
consequently, more prone to opening and initiating cracks. As a result, under uniaxial 
fatigue test, horizontal specimens yield longer fatigue lives.
Figure 3.14 Schematics showing loading direction versus building orientation. 
Schematics representing the orientation of an un-melted region formed during fabrication 
of vertical and horizontal specimens with respect to the loading direction and the 
resultant stress concentrations. 
Stress amplitude-fatigue life data of SLM 17-4 PH SS and their comparison with 
wrought material in the H1050 condition [31] are presented in Figure 3.15. The fatigue
data for wrought material (H1050 condition), reported here, correspond to the polished 
specimens tested under fully reversed axial loading (Rε = -1) [31]. The surface of each 
specimen was polished in both studies. Although general observations are warranted, 
there is inadvertent variance in fatigue data due to different testing modes (strain-
controlled versus force-controlled), specimen types (round versus flat), etc.; hence, it is
difficult to make direct comparisons between results from this study and others in the 
open literature. The ultimate tensile property reported by Leybold [31] (1,410 MPa) is 












    
  
 
    
as shown in Figure 3.15, SLM 17-4 PH SS demonstrates significantly shorter fatigue
lives as compared to the wrought material in the H1050 condition. This is attributed to 
the presence of a large number of defects including pores, un-melted regions, and un-
melted powder particles which can serve as crack initiation sites in SLM 17-4 PH SS
specimens. 
Figure 3.15 Comparison of fatigue stress-life data for SLM 17-4 PH SS (this study) in 
different conditions to wrought 17-4 PH SS in H1050 condition from [31].
3.5.2 Fractography
Cracks are generally initiated from microstructural defects (i.e. voids and 
particles) and grain boundaries. However, in the case of AM/SLM, defects are found as 
the main source of crack initiation [2]. These features may create localized microscopic 
stresses, potentially larger than the yield strength, causing local plastic deformation and 
leading to fatigue crack initiation under cyclic loading. The analysis of the fatigue
fracture surfaces of SLM 17-4 PH SS specimens reveals that crack initiations occur at 




   
   
 
   
    
    
      
      
   









polishing reduces the surface roughness (due to partially-melted powder particles) and 
associated notch effects, remnant interior voids and sub-surface defects that are brought 
close to the surface still play a dominant role in crack initiation and overall fatigue
process [25]. 
Typical fatigue fracture surfaces of vertical AB SLM specimens that failed in the
HCF regime (i.e. low strain amplitude) and LCF regime (i.e. high strain amplitude) are
shown in Figures 3.16(a) and 3.17(a), respectively. Generally, three main regions, 
corresponding to specific stages of fatigue failure, i.e. fatigue crack initiation, fatigue
crack growth and final fracture, could be observed for all fatigue fracture surfaces in this 
study. The ratio of crack propagation area and final fracture area depends on the applied 
strain level. Lower applied strains (i.e. HCF regime) results in a larger stable crack 
propagation area, as shown in Figure 3.16(a). For higher strain levels (i.e. LCF regime), 
the crack will not be able to grow very long before final fracture, resulting in a smaller 
crack growth area, as seen in Figure 3.17(a).
As shown in Figure 3.16(b), an un-melted region close to the specimen surface
usually acts as a stress riser and serves as a site for crack initiation for specimens failed in 
HCF. However, multiple crack initiation sites were found on the fracture surface of 
specimens tested in the LCF, as depicted in Figure 3.17(a). As can be seen in Figures
3.17(b) and 3.17(c), for a specimen tested in LCF, cracks appear to have initiated from 
surface pores and un-melted regions beneath the specimen surface. This is due to the fact 
that crack progression takes more time during LCF, which provides an opportunity for
other cracks to initiate [32]. However, the defects that act as crack initiation sites in LCF














    
    
    
   
  
 
specimens tested in HCF, as can be seen in Figure 3.17(b) and 3.17(c). This indicates that 
the influence of defect size may have less pronounced effects than its distance from the
surface in short life regimes. 
Similar crack initiation sites and morphology of fracture surface were also 
observed for other SLM specimens in both LCF and HCF. Flat ‘river-patterns’ (point to 
initiation site) are observed for all the fracture surfaces of the specimens that failed in 
HCF. For all SLM specimens, crack propagation zones demonstrated the transgranular 
cleavage fracture mode. Similar to tensile fracture surface, the quasi-cleavage fracture
mode can be seen on final fracture surface of all failed specimens. In fact, AB specimens 
show evidence of both cleavage and micro-void coalescence on areas of fast fracture (i.e. 
stage III of fatigue failure), as shown in Figure 3.18. However, the cleavage mode of
failure is more dominant for both horizontal and vertical HT specimens. Pores, un-melted 
regions, and particles can be seen along the final fracture surface of all sets of specimens. 
Due to the presence of these defects, which have weak cohesive strength at their surface
with partially crystallized areas, de-cohesive rupture (i.e. with little or no bulk plastic





   
           
              
    
 
   
           
              
     
Figure 3.16 Fracture surface of SLM 17-4 PH SS.
(a) An overall view of fracture surface for a vertical AB specimen at low strain amplitude, i.e. 0.15% (Nf = 
236,820) and (b) a magnified view of the crack initiation site indicating that fatigue cracks initiated from an
un-melted region close to the surface.
Figure 3.17 Fracture surface of SLM 17-4 PH SS.
(a) An overall view of fracture surface for a vertical AB specimen at strain amplitude of 0.3% (Nf = 6,422),
and a magnified view of the crack initiation sites including (b) voids beneath the specimen surface and (c)





   









Figure 3.18 Fracture surface of SLM 17-4 PH SS.
Micro-void coalescence and cleavage areas on fast fracture region (stage III of fatigue
failure) of a horizontal AB specimen tested at strain amplitude of 0.2% (Nf = 551,649).
Scatter in fatigue life data in this study seems to have a direct relationship with 
mean stress, and an example of this mean stress effect can be seen in Figure 3.19, which 
presents crack initiation sites for two horizontal AB specimens tested at the same strain 
amplitude (i.e. 0.2%). As seen, cracks initiated from the un-melted regions with almost 
the same size in both cases; however, fatigue life is six times greater for the one that 
contains a relatively large compressive mean stress– regardless that its initiation origin is 
closer to the surface. It is worth noting that the difference between mean stress values of 
these two specimens is almost 30% of the stress amplitude, indicating a dramatic impact 





    










Figure 3.19 Fatigue crack initiation sites of AB SLM 17-4 PH SSS specimens.
Comparison of crack initiation sites for two horizontal AB specimens tested at the same 
strain amplitude (ε𝑎 = 0.2%). Arrows point at the crack initiation sites.
The shorter fatigue life inherent to some specimens can also be attributed to their
void type and distribution.  Specifically, the size, shape, and location (i.e. distance from 
surface) of defects; voids with larger size, more irregular shape, and/or closer to the
surface typically have more detrimental effects on fatigue strength [33]. For example, 
Figure 3.20 shows the crack initiation sites for two specimens that failed at 0.4% strain 





    
  
   
  
cause of this difference lies in the location of crack initiation. As seen from Figure 3.20, 
the defect that serves as the crack initiation site for a specimen with shorter fatigue life is 
attached to the surface. In general, nucleation occurs at locations with higher cyclic-
plastic deformation; thus, the surface defects, which are subjected to more plastic 
deformation (due to plane stress condition) than internal ones [34], can accelerate the
crack initiation process. In addition, defects closer to the surface have a greater chance to 
cause final failure since they have a shorter distance to propagate toward the open surface













   




Figure 3.20 Fatigue crack initiation sites of HT SLM 17-4 PH SSS specimens.
Comparison of crack initiation sites for two vertical HT specimens tested at the same 
strain amplitude (ε𝑎=0.4%).
For an AM/SLM part, due to the presence of a large number of impurities with 
various size, shape, and location, several defects have the opportunity to serve as crack 
initiation origins. Therefore, multiple cracks initiated in AM parts can readily progress 
and coalesce into a single fracture plane [33]. As a result, the distance between defects, 
which affects the interaction and coalescence of cracks, is another factor that plays an 




   
   
   
  
    
 
   
    
 
cracks may accelerate or retard their propagation, their coalescence definitely reduces
their residual strength which leads to faster crack propagation. Coalescence of two cracks 
in a midlife regime test of a horizontal HT specimen is shown in Figure 3.21. The ratchet 
mark, a microscopic step mark between two un-melted regions in Figure 3.21, 
demonstrates the location where two approaching crack fronts met.
Figure 3.21 Coalescence of two cracks.
Coalescence of two cracks, originated from different un-melted regions, in a horizontal 










   
 
  




Figure 3.22 Comparison of crack initiation sites in vertical and horizontal specimens. 
Comparison of un-melted regions (shown by circumferential dotted lines), serving as 
crack initiation sites, in (a) vertical and (b) horizontal specimens. 
The results show that for AM/SLM specimens, near-surface, un-melted regions
are the most detrimental type of defect; arising from their relatively large size and 
irregular shape, causing large stress concentrations. Affected by building orientation, 
these two features (i.e. size and shape) also play a significant role in establishing the 
distinct fatigue behavior of vertical and horizontal specimens, especially in HCF regime. 
As shown in Figure 3.14, the un-melted regions are oriented in such a way that they are














    




   
 
   
  
serving as crack initiation sites for vertical and horizontal specimens are shown in Figure
3.22. As seen, in a plane normal to the loading direction, the un-melted region within a 
vertically-orientated specimen, Figure 3.22(a), is flatter, containing a larger area; while
the one belonging to a horizontal specimen, Figure 3.22(b), is deeper with smaller area. 
Therefore, the larger area of an un-melted region would be perpendicular to the load 
direction for a vertical specimen, providing much higher stress concentration, and 
consequently, lower crack initiation resistance.
3.6 A note on process optimization
Cognizant of the voids/defects present within the SLM parts investigated, one
may question whether optimizing AM process parameters based on density, as measured 
using Archimedes’ principle, is a sufficient means for improving mechanical properties, 
especially fatigue behavior of parts. Similar to previous AM investigations [15,35,36], 
process parameters were optimized for maximum part density in this study. However, 
results indicate that maximizing a scalar density, measured per part by employing
Archimedes’ principle, is an ineffective means for improving the fatigue strength of SLM 
part, as the existence of slit-shaped defects, or un-melted regions, cannot be easily
prevented or measured. 
These slit-shaped flaws, which can cover a broad region with small volume, may
not be detected by density measurements that utilize Archimedes' principle. This may be
an issue since these un-melted regions appear to be the most detrimental type of flaw
with respect to fatigue. Aside from their relatively large size, their irregular shape –
especially relative to that of spherical-shaped pores (resulting from entrapped gas) – is 












   
    
  
   







as measured by Archimedes' principle, may not be a sufficiently-accurate criterion for 
achieving enhanced mechanical properties – or at the least fatigue strength. This does not
mean that Archimedes' principle should not be used in this regards; indeed, Archimedes'
method can be taken into account for a priori optimization of process parameters, but not 
beyond– especially when fatigue is targeted.
In order to improve fatigue behavior of AM parts, measuring porosity using X-ray
computed tomography (CT) can be more beneficial, because it more exhaustively
characterizes the level of porosity within a material. Using this method, defects’ 
size/distribution, shape (e.g. volume to area ratio), and spacing, which are more
representative of the defect statistics, and also the most influential ones affecting fatigue
behavior, can be quantified and be utilized in the optimization process. 
A novel systematic, ‘multi-objective’ process optimization method for obtaining
fully-dense materials with target mechanical properties is required. Although some work 
has focused on multi-objective optimization of AM parameters [35,36], championing this 
problem for AM continues to be challenging due to many reasons. First, the relation 
between the mechanical properties of the part(s) and the process parameters are unknown 
because of the complexity associated with the underlying thermo-mechanical dynamics 
inherent to the SLM process. In other words, there is no known functional form for 
objective functions, and most of the existing techniques of multi-objective functions are
developed based on a known objective function. Second, multiple specific mechanical 
properties may not be achieved simultaneously during the same build. For instance, the 
parameter setup used to produce parts with optimal yield strength may not necessarily









   
   
  
  





   
  
    
  
  
Finally, the multi-objective optimization of AM process parameters requires a
large number of experiments (or simulations) in order to generate objective functions and 
to learn parameter-property relationships. These relationships and optimal parameter sets 
are then only strictly applicable or ‘optimal’ for a specific part size, geometry,
orientation, scan pattern and more.  For example, the heat transfer in vicinity of the melt 
pool will be different for parts with relatively larger size (even for the same material) due
to increased volumetric heat capacity, and this can subsequently affect previous layer 
remelting and result in lack of fusion.  Due to all of these challenges, multi-objective
optimization of the AM process requires more research, and this can then lead to better
control on part porosity, and thus, a part’s fatigue resistance.
3.7 Conclusion
The effects of heat treatment (solution annealing plus peak-aging) and building
orientation on the fatigue behavior of 17-4 PH stainless steel (SS) fabricated via selective
laser melting (SLM) were investigated. A strain-controlled uniaxial test setup with a 
strain-ratio of Rε = -1 (fully-reversed) was employed. The fatigue strength of SLM 17-4 
PH SS was found to be significantly lower than wrought material. Aside from differences 
in microstructure, the presence of defects, especially un-melted regions, were the main 
contributors for the shorter fatigue life of SLM 17-4 PH SS. Based on the experimental 
results, the following conclusions can be also drawn:
1. An appropriate heat treatment is essential for SLM 17-4 PH SS, a
precipitation hardening (PH) alloy, to enhance its tensile strength to that of 
wrought material– since precipitation hardening, the key to high strength and 








   
   
    
  
    




    




    
     
    
 
2. Impurities including voids (i.e. pores formed due to entrapped gas and un-
melted regions resulting from insufficient fusion) and particles (i.e. un-melted 
powder and secondary phase particles) were found within the fabricated 
samples. 
3. Vertically-built specimens showed noticeably lower elongation to failure than 
their horizontal counterparts. This was due to the fact that defects, formed 
mostly between layers, were perpendicular to the tensile load direction, 
providing easier paths for void growth and coalescence under tensile loading.
4. Cyclic hardening was observed for SLM 17-4 PH SS at strain amplitudes
above 0.3%, and this is mainly attributed to stress- or strain-induced austenite
to martensite phase transformation.
5. Experimental results obtained from strain-controlled fatigue tests demonstrate 
that the plastic strains were lower than elastic strains for both as-built and heat 
treated specimens – independent of building orientation. As a result, the 
elastic strain dominated the total strain-life behavior.
6. Fatigue test results indicate that heat treatment (i.e. solution annealing plus 
peak-aging) is beneficial for low cycle fatigue and detrimental for high cycle
fatigue.
7. Contrary to wrought materials, the high cycle fatigue lives of heat treated 
specimens were lower than the ones of their as-built counterparts. This is due
to the fact that heat treatment results in the 17-4 PH SS becoming harder and 










   
   
  
    
    
 
   
  





where sensitivity to defects is less pronounced, heat treated specimens showed
higher low cycle fatigue strength.
8. The building orientation of parts during SLM was found to have a significant 
influence on their eventual fatigue properties. Higher fatigue strength of 
horizontal specimens was mainly attributed to the orientation of deposited 
layers with respect to loading axis. Defects that formed between layers of a
vertical specimen were much more detrimental as they provided higher stress 
concentrations since a larger area was exposed to loading.
9. Analyzing fracture surfaces of fatigue specimens revealed that cracks were
mainly initiated from un-melted regions (i.e. inter-layer cavities/voids) for all
conditions investigated. These types of voids were found to be the most
detrimental type of flaw due to their relatively large size, and, most 
importantly, their irregular shape. Therefore, their stress concentration is 
higher than spherical-shaped pores resulting from entrapped gas.
10. Cracks were found to originate from a large un-melted region close to the
surface of specimen in the long life regime. However, multiple crack 
initiations from smaller voids, but closer to the surface were observed for 
specimens tested in the shorter life regime.
11. Optimization of process parameters by maximizing a scalar density
(Archimedes’ principle) does not sufficiently improve fatigue strength of AM 
parts; because formation of slit-shaped un-melted regions that cover a broad 
region with small volume cannot be taken into account by this method. In 













       
 
  
porosity measurement is suggested. By this method, defects’ size/distribution, 
shape (i.e. sphericity), and spacing can be quantified and integrated into the 
optimization process.  More rigorous optimization methods, and perhaps the
use of dynamic process parameters, may be needed to best generate parts with 
minimum defects/porosity, resulting in enhanced mechanical properties.
Observing that the fatigue behavior of SLM 17-4 SS parts is dependent on 
manufacturing conditions, orientation during the build, intra-part defects and more, the 
standardization of the SLM process, part/specimen design and eventual mechanical 
testing is indeed greatly needed. Currently, there is significant variation among various 
AM machines, powder, build strategies, manufacturing conditions, testing approaches, 
etc. – and this continues to hamper the certification of AM parts for their eventual use. 
Nonetheless, the ongoing report of AM part mechanical traits is needed for steering and 
motivating the standardization and appreciation of each step involved during AM design, 
processing and part testing/inspection.
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FATIGUE BEHAVIOR AND FAILURE ANALYSIS OF ADDITIVE
MANUFACTURED INCONEL 718 SUPERALLOY
Yadollahi A, Shamsaei N, Wells DN, Thompson SM, Daniweicz SR. to be submitted to
Materials Science and Engineering: A.
4.1 Abstract
Room-temperature uniaxial fatigue behavior of Inconel 718 superalloy specimens, 
fabricated via laser powder bed fusion (L-PBF), was experimentally investigated and 
compared to that of conventionally-built parts. Effects of surface finishing and specimen 
building orientation on fatigue behavior and failure mechanisms of L-PBF Inconel 718 
were specifically sought.  Heat treatment of all specimens consisted of stress relieving, 
hot isostatic pressing (HIP), solution treatment, and aging. Fracture surfaces of fatigued 
specimens were also inspected using scanning electron microscopy (SEM) to determine
crack initiation sites and the failure mechanisms involved. The utilized heat treatments 
were found to homogenize any microstructure dependence on part build orientation.  
Specimens fabricated at an incline, thus having an overhanging surface to the powder 
bed, were found to possess a higher surface roughness and near-surface voids.  Fatigue
test results indicated that surface defects are most life limiting for L-PBF Inconel 718 
specimens in different regimes. The presence of large surface voids was found to result in 









   
    
  
   
 




   
  
 
   
    
    
 
conventionally-built counterparts. The machined specimens demonstrated very similar 
fatigue resistance relative to their as-built counterparts in both low cycle fatigue (LCF) 
and high cycle fatigue (HCF) regimes. The results of this study imply that in the presence
of near-surface voids, the effect of machining on fatigue life may significantly depend on 
the thickness of material removal from the surface.
4.2 Introduction
In recent years, additive manufacturing (AM) has enabled fabricating net-shape
parts with more complex geometries, permitting designs once difficult or impossible to 
achieve via traditional, ‘subtractive’ metalworking processes. Of the AM techniques 
available for metals manufacture, including Directed Energy Deposition (DED) and 
Powder Bed Fusion (PBF), PBF is arguably more immediately beneficial for biomedical, 
aerospace, and defense industries, due to its ability to produce parts with relatively fine
surface quality and high precision [1]. The PBF process creates components directly from 
3D computer aided design (CAD) models by selectively melting metallic powder placed 
atop a build plate in a layer-by-layer fashion. This work focuses on Laser Powder Bed 
Fusion (L-PBF), which uses a laser as the energy source.
Nickel-based superalloys are widely used in applications requiring sustained
material performance in harsh environments at both elevated and low temperatures such 
as gas turbines, nuclear reactors, and aerospace components. Inconel 718 is an austenitic 
precipitation hardenable nickel-chromium-iron superalloy commonly used for these
demanding applications due to its desirable properties, balancing high tensile strength 
with good fracture toughness and impact strength, while maintaining good oxidation and 









   
  
   
   
   
   
 
 
   
 
 
    
     
 
its relatively high hardness, resulting in excessive tool wear and low material removal
rates. Thus, machining complex-shaped Inconel 718 parts is expensive and can be
design-prohibitive. This motivates the use of AM processes for complex part production 
in Inconel 718.   
Similar to wrought materials, the typical microstructure of L-PBF Inconel 718 
consists of different phases, including: the face centered cubic (fcc) γ phase composed of 
Ni-Cr-Fe, which is the matrix phase; the fcc γˊ phase composed of Ni3Al/Ti, which is a 
strengthening precipitate coherent with the matrix; the body centered tetragonal (bct) γˊˊ
phase composed of Ni3Nb, which is the predominant strengthening precipitation in this 
alloy; the orthorhombic Ni3Nb δ-phase, which is a non-hardening precipitate, and metal-
carbide (MC) particles [2]. The δ-phase does not commonly appear in as-built L-PBF
material [3] – especially when fabricated using relatively low power, which demotes δ 
needle nucleation [4]. However, the δ-phase may precipitate around grain boundaries 
during the slow cooling from hot isostatic pressing (HIP) heat treatment [2,3].
A wide range of heat treatments are commonly used for Inconel 718. Various 
solution treating and aging time intervals and temperatures can be employed for
generating the desired microstructure and mechanical behavior [4–6]. Hot isostatic
pressing, a process used for densifying materials through elevated temperature and 
constant/isostatic gas pressure, is an additional process that may be used on AM parts to 
reduce porosity and obtain a homogenized and recrystallized microstructure [4]. In its as-
built condition, AM Inconel 718 lacks the γˊˊ and γˊ strengthening precipitates required to 
achieve the nominally expected yield and ultimate strengths of the alloy; however, with




   
   
   





    
 
  
   
  
 
   
   
   
  
properties commensurate with wrought product forms through precipitation of fine γˊ and 
γˊˊ strengthening phases and needle-like δ phases [3–7]. Relative to its wrought
counterparts, AM Inconel 718 may benefit from slightly different heat treatment 
schedules (i.e. temperature and time intervals) to achieve the desired mechanical
properties [4]. 
A significant barrier hindering the wider adoption of AM for part production in 
industry is the lack of unified understanding and documentation regarding the fatigue
properties of AM parts [8]. In addition to variation in powder characteristics, building
procedure, and AM systems [9–11], this problem is further complicated due to AM part 
microstructural heterogeneities and randomly dispersed defects, including pores resulting
from entrapped gas and un-melted regions resulting from insufficient fusion. Many
microstructural heterogeneities can be rectified to an acceptable level by an appropriate 
post-manufacturing heat treatment;  however, micro-to-macro-structural defects are not 
as easily rectifiable and have been shown to be the main contributors toward inferior
mechanical strength and elongation to failure of AM Inconel 718 relative to wrought 
product forms [5–7]. These defects can act as damage nucleation sites during monotonic 
and cyclic loadings, leading to a lower elongation to failure as well as fatigue strength 
[8]. 
Fatigue behavior of wrought Inconel 718 has been reported and widely discussed 
in the literature. However, only a few studies have reported the fatigue properties of AM 
Inconel 718, each of these with different processes, heat treatments, and specimen 
preparations [12–14]. Amsterdam and Kool investigated the high cycle fatigue (HCF)




    
     
  
  
   
    
 
      
    
  
   
  
   






powder-fed/laser-based DED process, at a stress ratio of Rσ = 0.1 [12]. They reported that 
the presence of macro-sized defects (i.e. > 100 μm) and insufficient bonding between 
layers were most detrimental to fatigue performance [12]. Emuakpor et al. studied 
bending HCF behavior of Inconel 718 fabricated via the L-PBF process [13]. Their 
results showed that the fatigue performance of L-PBF Inconel 718 was fairly comparable 
with the rotating bending fatigue of its cold-rolled counterparts [13]. Konečná et al. 
investigated fatigue crack growth behavior in non-heat-treated Inconel 718 produced by
L-PBF at a stress ratio of Rσ = 0.1 [14]. Their results showed that L-PBF specimens, due
to their finer grain sizes, were less resistant to crack growth in the near-threshold region
as compared to their conventionally-built counterparts. However, despite the lack of heat 
treatment, the crack growth resistance of L-PBF specimens met that of wrought alloys for
larger cracks, when the effect of microstructure is diminished [14].
There remains a significant knowledge gap in understanding the fatigue behavior
of AM Inconel 718, particularly in regard to the influence of L-PBF process defects, 
build orientation, and surface conditions.  This study aims to investigate the relative 
influence of these competing effects on the fatigue performance of L-PBF Inconel 718 by
evaluating specimens from a build with a known process escape that randomly seeded 
subtle lack-of-fusion defects throughout the build volume.  The influence of lack-of-
fusion and porosity defects on fatigue performance are evaluated relative to the effects of 
surface preparation and orientation through failure analysis of the specimens.  The fatigue
fracture surfaces are examined using Scanning Electron Microscopy (SEM) to determine





    




    
   
   
    
     
   
     
    
     
 






Inconel 718 samples were fabricated using an L-PBF system (Concept Laser M1)
at NASA’s Marshall Space Flight Center (MSFC). The Inconel 718 powder used in the
build had a particle size distribution between 44 μm and 11 μm and chemical 
composition as listed in Table 4.1 (in weight %). The build consisted of net-shape, or 
near-net-shape, specimens for tensile, low cycle fatigue and high cycle fatigue in various 
orientations.  An illustration of the build is shown in Figure 4.1. This study focuses on the
horizontally-built (H) specimens with gage section parallel to the base plate and the 
diagonally-built (D) specimens with gage section oriented at 45° relative to the base
plate. After fabrication, specimens were stress relieved at 1065 °C ± 10 °C for 1.5 h, 
followed by an argon quench at 0.2-0.4 MPa. The specimens then underwent a HIP
treatment at 1163 °C ± 10 °C and ~102 MPa for 3 hours. The specimens were then 
solution treated and aged per AMS 5664 E [15]. The solution treatment was 1065 °C ± 10 
°C for 1 hour in an inert atmosphere and gas quenched at a rate equivalent to air cooling. 
The aging treatment was 760 °C ± 10 °C for 10 h, which was followed by furnace
cooling to 650 °C ± 10 °C.  This temperature was held until the total aging time was 20 
hours. The material was then allowed to furnace cool to room temperature. Two notable
aspects of this heat treatment cycle include: 1) the HIP with pressure suitable to heal 
small porosity and temperature sufficient to homogenize and recrystallize the
microstructure, and 2), a choice of solution treatment temperature above the δ-solvus 





    
   
   
 
     
    
     
  
   
 
 
Table 4.1 Chemical composition (weight %) of the Inconel 718 powder. 
Element   Ni  Cr  C  Mn  Si  S  Co  Mo Ti Al  Cu  Ta Fe 
Weight 
 %  52.5  18.9  0.03  0.04  0.06  0.002 0.1  3.0  0.85  0.53  0.04  0.002 Bal. 
 
As noted in the introduction, this build was selected for this study due to a process 
escape that produced lack-of-fusion defects identified through witness tensile and 
metallographic specimens.  The cause of the defects was traced to a restriction in the AM 
machine’s ventilation system created due to powder collecting in a vent line, which 
reduced the argon gas flow across the powder bed. The L-PBF process with Inconel 718 
produces soot during fusion.  Without proper ventilation, the soot particles linger in the
argon above the powder bed, attenuating the laser beam and leading to the creation of
lack-of-fusion defects. Due to the process escape, the build was not used in formal 
material characterization activity, but set aside for this study. It is worth noting that due
to the open-loop nature of the utilized L-PBF equipment, there is currently no source of 
machine feedback to indicate such a malfunction has occurred. Without sufficient witness 
sampling, this faulty condition would not have been identified.  Therefore, the findings in 













       
    





    
  
Figure 4.1 An illustration of the build.
Build consisted of net-shape, or near-net-shape, specimens for tensile, low cycle fatigue
and high cycle fatigue in various orientations. As marked with a red line, the
horizontally-built (H) specimens with gage section parallel to the base plate and the 
diagonally-built (D) specimens with gage section oriented at 45° relative to the base plate
are selected for this study.
Configuration and dimensions of strain-controlled and load-controlled fatigue
specimens are shown in Figure 4.2. The gage sections of the H fatigue specimens (both
strain-controlled and load-controlled specimens) were low stress ground to minimize the 
effects of the as-built surface condition on their measured fatigue resistance. The
horizontally built specimen gage section requires sacrificial support structures along its 
length.  When removed, this results in increased surface texture beyond that due to the
typical partially-melted powder surface characteristic of the L-PBF process. The gage
sections of the fatigue specimens were not polished after machining in order to determine
impact of surface roughness due to machining on fatigue performance. The 45 degree
specimens (D) were left in their as-built surface finish condition (i.e. no machining or





   
     
     









    
  
fatigue strength. Via a non-contact (i.e. laser reflectance) surface profilometer (Talysurf 
CLI 2000), the surface roughness of the machined and as-built specimens was measured 
to be Ra ≈ 2 μm and Ra ≈ 20 μm, respectively. The microstructure of the H and D 
specimens was examined using optical microscopy (OM) and a field emission gun SEM 
(Zeiss SUPRA™ 40) equipped with an electron backscattering diffraction (EBSD)
detector. In order to quantitatively assess interior part porosity, specimen gage sections 
were scanned using an X-ray Computed Tomography (CT), dual-focus (220 kV-
microfocus and 150 kV-nanofocus) system (Phoenix) with 1-micron resolution.  
Figure 4.2 Dimensions and configurations of fatigue specimens.
Dimensions and configurations of (a) strain-controlled and (b) load-controlled fatigue
specimens (all dimensions are in mm).
Fully-reversed axial fatigue tests were performed on a servohydraulic load frame 
with an MTS Flextest® 60 controller under both strain- and load-control modes at room 




     
    
  
  








     
     
 
    
     
   
 
      
   
negligible, tests were performed using strain control, while for HCF tests, where
deformation is primarily elastic, tests were performed under load control. All the fatigue
experiments were carried out in accordance with ASTM E606 or ASTM E466 [16,17]
under a sinusoidal loading waveform until failure occurred or 107 cycles were achieved, 
at which time the test was stopped and considered to be a run-out. Fatigue test 
frequencies were adapted so that the strain rate was approximately the same during all
tests. Fatigue fracture surfaces were examined using SEM to determine fracture
characteristics. Chemical composition analysis of observed particle inclusions was 
performed on fracture surfaces using energy dispersive spectroscopy (EDS) via a FEG 
SEM (Zeiss SUPRA™ 40) system.
4.4 Experimental results
4.4.1 Microstructure
An optical micrograph of a post-heat treated L-PBF Inconel 718 sample
fabricated in horizontal orientation, is shown in Figure 4.3. The visible microstructure
consists of the γ matrix, discrete, evenly-distributed metal-carbide (MC) particles, and 
twinning. Evidence of the lack-of-fusion defects is observed within the samples. 
Microstructural features unique to the L-PBF process, such as interfacial regions between 
deposited layers and a laser track ‘footprint’ (i.e. solidified melt pool interface) [10,22], 
are completely dissolved by the post-manufacturing heat treatment of the AM Inconel 
718. Though this microstructural evolution begins with the stress relief cycle and each 
step of the thermal process is important, the strongest effects are attributed to the high 
temperature of the HIP process (1163°C ± 10°C), resulting in homogenization and 




      
 
   
    
   
   
 
 
    
  
 
   
 
  
between the microstructure of the H and D samples, and no heterogeneity or orientation 
in microstructure was observed.  Recrystallized microstructure is evident as demonstrated 
by the inverse pole map in Figure 4.4(a). These recrystallized grains possess a more
isotropic configuration as compared to those in the as-built L-PBF Inconel 718 samples. 
The average grain size measured throughout different regions of the heat treated material
was approximately 85 μm, which is much coarser than the as-built L-PBF Inconel 718 
and is comparable to that of wrought materials [13,14,23,24]. 
Figure 4.3 Optical micrograph of L-PBF Inconel 718.
Optical micrograph of a post-treated L-PBF Inconel 718 sample fabricated in horizontal 
orientation.
The misorientation angle distribution of the γ phase is shown in Figure 4.4(b). 
The crystal orientation exhibits very low misorientation angles within the heat treated L-





   
   
 




assumed a product of annealing twinning since the twin boundary misorientation in 
austenite is 60° around <111> [25]. Twinning at this angle is common during the 



















Figure 4.4 Electron backscatter diffraction (EBSD) of L-PBF Inconel 718.
(a) EBSD inverse pole map and (b) misorientation angle distribution of γ phase in a post-





   
   
  
  
   
  
  
   
  
   
 
   
  
   
      
  
  
   
   
 
4.4.2 X-ray computed tomography
The formation of voids, i.e. pores, due to entrapped gas or other fusion related 
defects at some scale during the powder-based metals AM process is likely unavoidable. 
Although process parameters can be optimized, eliminating all the voids and achieving a
void free product on a consistent basis has not yet been demonstrated [9,10,27,28]. It has 
been found that optimization of process parameters by maximizing a scalar density
(Archimedes’ principle) of the resulting material is not sufficient since presence of lack-
of-fusion voids that cover a broad region with minimal volume cannot be detected by this 
method [10]. As previously described, such low-volume, nearly two-dimensional lack-of-
fusion defects are present in the material evaluated in this study. To detect internal 
defects of near zero volume, microstructural evaluation is most reliable. The lack-of-
fusion voids were not detectable using X-ray Computed Tomography (CT); however, to 
evaluate volumetric porosity in L-PBF parts, X-ray CT is the best available method.  To 
this end, X-ray CT was employed in order to visualize and quantify porosity (at the
micron-scale) within the gage sections of the fatigue specimens. Experimental conditions 
that were used to scan the gage section of specimens included a total scanned volume of 
approximately 195 mm3 per each specimen and a total number of 600 image projections –
with the exposure time of 1600 ms for each image. Various defect statistics, such as total 
volume of detected voids and their average volume and area, are presented in Table 4.2. 
Results suggest that only voids with a volume larger than ~15E3 μm3 could be detected 
due to the high density of Inconel 718 and resolution limits of CT scan, which are highly
dependent on the size and shape of the part. However, the absence of smaller voids is not 


















    
 
    
 
   
   
  
 
   
   
 
  
    
       
surface connected. Larger gas-filled voids may not be healed during HIP due to 
equilibrium pressure of the contained gas. From a damage initiation perspective, given 
the presence of many larger voids, the effect of undetected small voids on fatigue are
likely negligible. 
Table 4.2 Nondestructive defect analysis of L-PBF Inconel 718 via X-ray CT (total 
scanned volume for each specimen: ~195 mm3).










0.001 3,800 17,100 0.77
Diagonally-built (D)
0.006 11,860 73,000 0.71
On average, larger voids and higher total volume of voids were detected in the D
specimens relative to the H specimens, as presented in Table 4.2. An estimation of void
shape (i.e. geometry) can be obtained by measuring sphericity, Φ; a dimensionless term 
that can be used for comparing voids of irregular shapes with that of a perfect sphere
[29]. Sphericity can be defined as the surface area, A, of a sphere of identical void 
volume, V, divided by the actual surface area of the void [29], i.e.:
4𝜋 𝑉2/3 
Φ = ∙ ≤ 1 (4.1)
(4𝜋/3)2/3 𝐴 
Therefore, a perfectly spherical void possesses Φ = 1 and as the shape of the void 
deviates from that of spherical shape, Φ decreases in magnitude. As listed in Table 4.2, 
the average void sphericity within the H and D specimens was found to be ~0.70 and 






    
     
 





D specimens. This may be an outcome of the HIP process having removed directionality
in their shape. 
Figure 4.5(a) shows an X-ray CT image taken from the gage section of a D
specimen, and the presence of large voids along its perimeter is shown in Figure 4.5(b). It 
can be seen that the bottom side of the D specimen has higher surface roughness than its 
upward facing side. This surface asymmetry can be attributed to the more direct contact 
of the bottom half of the outer face with the powder bed during manufacture and in this 
giving rise to melt pool thermal/fluidic ‘edge effects’, phenomena prevalent along
boundaries of the part.  As shown in Figure 4.5(c), during the L-PBF process, the bottom 
half of a D specimen is an overhanging structure/surface, i.e. the majority of media 
volume below the laser is powder, while in contrast, the upward facing is fully supported, 
















Figure 4.5 Gage section of a diagonal specimen.
(a) 3D volumetric images from the CT scan of a diagonal specimen, (b) distribution of 
defects mapped on the cross sectional view of gage section, and (c) effect of powder bed 
on the heat transfer from the melt pool at a contracting and overhanging surfaces. 
The local heat transfer from the melt pool through the powder/part for each
scenario will be different since the thermal resistance due to conduction will be locally
higher for the overhanging surface as the powder bed possesses an order-of-magnitude
lower thermal diffusivity than that of the solid part.  Therefore, the local temperature rise
in vicinity of the melt pool of an overhanging surface will be higher (i.e. heat 
concentration) and the heat diffusion rate through the solid part/bed will be lower.  This 











   
    
      
    
     





well as partial sintering of surrounding powder.  The relatively high surface tension of the
melt pool results in its ability to draw in adjacent powder [30]. These thermal/fluidic 
edge effects can explain the non-uniform surface roughness and near-surface voids along
the bottom edge of the D specimen shown in Figure 4.5(a). Moreover, partial sintering of 
surrounding powders may cause further formation of voids, by trapping gas between 
aggregate powders. Process thermal/fluidic instabilities, occurring intermittently and at 
the microsecond time scale, can also be a source for void formation; as such events can 
include evaporation [30] and improper liquid/surface wetting (i.e. low wettability). More
chaotic liquid/powder events, such as powder ejection and liquid spattering, have also 
been noticed to occur during L-PBF [31]; further complicating the prevention of void 
formation.
The X-ray CT images indicate that no voids are present along the top, upward-
facing side of the D specimens, as shown in Figure 4.5(b), indicating that partial sintering
and melt pool wicking are less severe. Formation of surface voids along specimens can 
inflate porosity per unit volume measurements.  This is demonstrated by comparing
porosity between the H and D specimens, in which the outer layer of H specimens was
removed by machining. By machining, some of the voids can be removed or brought to 
the surface (i.e. open voids), which cannot be detected and determined by X-ray CT 
scanning. As a result, H specimens show a lower total volume of detected voids, as listed 
in Table 4.2. 
4.4.3 Tensile behavior
AM Inconel 718, when produced to the qualified MSFC process without process 













    
 
   
 
grain size. The typical values of yield strength, ultimate strength, and total strain at 
failure for conforming AM Inconel 718 material are 1170 MPa, 1400 MPa, and 21%, 
respectively. The small, random lack-of-fusion defects in the material of this study
caused by the ventilation process escape impacts the material in its ability to plastically
flow to the typical failure elongation.  Consequently, the reduced elongation capability
hinders the development of the full ultimate tensile strength. The tensile performance of 
the AM Inconel 718 in this study is summarized in Figure 4.6, which illustrates that flow 
behavior in the defective material is nearly identical up to the point of failure, when lack 
of flow capability truncates the strain response. Also illustrated, the typical tensile
specimen fracture surface from this defective build shows many small lack-of-fusion 
defects and is characterized by a planer fracture surface without a well-developed cup-
and-cone shape, owing to the lack of ductility. The stress strain curves of Figure 4.6 are
directly from specimens selected to represent typical performance of the defective build 
and a separate build of material conforming to the process without escapes.  An average
of nine tensile tests from the defective build provide yield strength, ultimate strength, and 





    




      




Figure 4.6 tensile performance of the L-PBF Inconel 718
The tensile performance of the L-PBF Inconel 718 in this study as well as the typical 
tensile specimen fracture surface from this defective build shows many small lack-of-
fusion defects and is characterized by a planer fracture surface without a well-developed 
cup-and-cone shape, owing to the lack of ductility.
4.4.4 Fatigue behavior
Constant amplitude fully-reversed axial fatigue tests were conducted on the L-
PBF Inconel 718 specimens. As discussed, no differences were observed between
specimen microstructure (i.e. grain size and morphology) or defect orientation due to the
utilized heat treatment and HIP processing schedule. Thus, any difference in the fatigue
behavior or failure mechanism of these two sets is mostly related to surface finishing (i.e. 
machined versus as-built). Moving forward, the horizontally-built (H) and diagonally-




   
    
       
   













Using experimental data describing the constant amplitude, fully-reversed fatigue
response of the investigated specimens, strain-life curves were generated for each set
using Eq. (2). Equation (2) relates the specimen strain amplitude to its fatigue life [32]:
′ 
∆𝜀 ∆𝜀𝑒 ∆𝜀𝑝 𝜎𝑓 = 𝜀𝑎 = + = (2𝑁𝑓)𝑏 + 𝜀𝑓′ (2𝑁𝑓)𝑐 (4.2)2 2 2 𝐸 
′where 𝜎𝑓 is the fatigue strength coefficient and 𝑏 is the fatigue strength exponent, 
obtained from the intercept and slope of the best line fit to elastic strain amplitude, Δεe/2, 
versus reversals to failure, 2𝑁𝑓, data in log-log scale, respectively. Due to fully elastic 
behavior of material at HCF, the strain amplitude values for load-controlled HCF tests 
were calculated based on the applied stress amplitude and the average modulus of 
elasticity value. The results of the constant amplitude fully-reversed (Rε = -1) strain-
controlled fatigue tests for Inconel L-PBF718 are summarized in Table 4.3.
The measured diameter of the as-built specimen gage section (both strain and load 
control specimens), as shown in Figure 4.7, was found to be approximately 300 μm larger 
than the actual diameter of the gage section, as the circumferential surface roughness 
induced error during measurement.  Therefore, considering the effective load carrying
area (i.e. aggregate area), the actual applied stress on as-built specimens is approximately
10% to 13% higher than intended for LCF and HCF testing, respectively.  This 







   
  
Figure 4.7 Presence of partially-melted powder on gage section of as-built specimens 

















        
        
        
        
        
        
        
        
        
        
        
        
        
        
        
         
         
  
        
        
        
        
        
        
        
        
        
        
 
 
   
        
        
       
    
   













1 Strain-controlled 0.5 1.48 0.85 0.63 1,185 214
2 Strain-controlled 0.5 1.25 0.65 0.60 1,185 359
3 Strain-controlled 0.5 1.00 0.45 0.55 1,100 608
4 Strain-controlled 0.5 0.50 0.03 0.47 984 4,642
5 Strain-controlled 0.5 0.35 0.0 0.35 718 26,240
6 Load-controlled 0.5 0.34* 0.0 0.34 715 16,228
7 Load-controlled 3.0 0.30* 0.0 0.30 620 43,494
8 Load-controlled 3.0 0.30* 0.0 0.30 620 44,196
9 Load-controlled 3.0 0.26* 0.0 0.26 552 52,312
10 Load-controlled 3.0 0.23* 0.0 0.23 483 113,791
11 Load-controlled 5.0 0.20* 0.0 0.20 414 455,505
12 Load-controlled 5.0 0.13* 0.0 0.13 276 556,427
13 Load-controlled 5.0 0.13* 0.0 0.13 276 1,035,026
14 Load-controlled 12.0 0.12* 0.0 0.12 241 355,592
15 Load-controlled 12.0 0.12* 0.0 0.12 241 965,023
16 Load-controlled 12.0 0.10* 0.0 0.10 207 > 11,093,156
17 Load-controlled 12.0 0.07* 0.0 0.07 138 > 11,420,706
Machined
1 Strain-controlled 0.5 1.48 0.80 0.68 1,290 66
2 Strain-controlled 0.5 1.25 0.60 0.65 1,288 97
3 Strain-controlled 0.5 1.00 0.38 0.62 1,214 397
4 Strain-controlled 0.5 0.50 0.02 0.48 1,010 3,428
5 Strain-controlled 0.5 0.35 0.0 0.35 754 9,913
6 Load-controlled 3.0 0.32* 0.0 0.32 552 12,063
7 Load-controlled 3.0 0.32* 0.0 0.32 552 37,000
8 Load-controlled 5.0 0.16* 0.0 0.16 276 448,310
9 Load-controlled 5.0 0.16* 0.0 0.16 276 468,000
10 Load-controlled 12.0 0.12* 0.0 0.12 207 870,000
* Calculated strain amplitude based on the applied stress amplitude and the average
modulus of elasticity.
The strain amplitude versus fatigue life and fits, obtained from fully-reversed (Rε 
= -1) fatigue tests of the L-PBF Inconel 718 specimens in the machined and as-built 
conditions are shown in Figure 4.8(a). The stress amplitude versus fatigue life in HCF, 
where the material behavior remains fully elastic, are also shown in Figure 4.8(b) for the
L-PBF Inconel 718 specimens in the machined and as-built conditions. Note that the 






   
 




   
     
     
    
     
   
      
     




   
  
area-modified stress. The scatter in HCF data can be attributed to variation in defect size, 
shape, location (i.e. distance from surface) and distribution influencing crack initiation 
[34], which constitutes a dominant part of the total HCF fatigue life. As can be seen from 
Figure 4.8 (a) for strain-life data, as-built specimens show slightly lower LCF strength 
relative to their machined counterparts; while two curves tend to meet at HCF regime. 
However, there are not any statistical differences between LCF data of these two sets –
by considering the range of scatter. Accordingly, similar fatigue resistance, in both short 
life and long-life regimes, can be concluded for the as-built and machined specimens.
Variation in post-manufacturing processes, specimen types, load setups, etc.,
complicate the direct comparison between the fatigue data presented herein and those 
reported in the literature. Nonetheless, as a general observation, stress/strain amplitude-
life fatigue data of the L-PBF Inconel 718 generated in this study are compared with
those of wrought materials at room temperature reported elsewhere [35–37], as shown in
Figure 4.8. The presented wrought material fatigue data in Figure 4.8(a) corresponds to
polished specimens with a surface finish of ~250 nm tested via fully reversed strain-
controlled fatigue experiments (Rε = -1) [37].The presented wrought material fatigue
data, in Figure 4.8(b) corresponds to polished specimens tested via rotating bending
fatigue experiments (Rσ = -1) [35,36]. As shown in Figure 4.8, L-PBF Inconel 718 
demonstrates significantly shorter HCF life and lower fatigue endurance limit as 
compared to Inconel 718 in its wrought form, due to the existence of manufacturing
defects such as voids, promoting crack initiation. This can result in its lower fatigue
resistance in HCF, where a significant portion of the total fatigue life is invested toward 




       





   
          
            
           
        
to meet that of wrought in the low and mid-life fatigue regimes – where the effect of 
defects is less pronounced. Although a true fatigue endurance limit may not exist in AM 
metallic materials, it may be seen from Figure 4.8(b) that the endurance limit of L-PBF







Figure 4.8 Fatigue data of L-PBF Inconel 718.
(a) Comparison of room temperature fully-reversed (Rε = -1) uniaxial fatigue strain-life data and fits for L-
PBF Inconel 718 (this study) in machined and as-built conditions to wrought Inconel 718 [37], and (b)
comparison of HCF stress-life data of L-PBF Inconel 718 (this study) in machined and as-built conditions





   










   
    
 
 
    
    
  
 
    
   
   
4.5 Discussion on experimental observations
The fatigue test results demonstrate that the as-built and machined specimens 
possess a very similar fatigue performance in LCF and HCF regimes, as seen in Figure
4.8. Since crack initiation typically dominates total fatigue lifetime in HCF [32], it was 
expected that the as-built, rougher specimens with higher level of circumferential 
porosity to exhibit significantly shorter HCF life, as compared to the post-machined 
specimens.  However, the observed fatigue behavior for L-PBF Inconel 718 does not
follow this scenario.  This can most likely be attributed to the mechanisms of crack 
initiation, propagation, and coalescence during LCF and HCF regimes; since no 
differences were observed in microstructure (i.e. grain size and morphology) and void
orientation between these two sets. 
Fatigue failure typically consists of three distinct stages: fatigue crack initiation, 
fatigue crack growth, and final fracture. These stages are evidenced to have occurred by
distinct regions along the fracture surfaces. Final fracture (i.e. stage III) surface area is 
often proportional to the applied load/strain level. At higher applied strain/stress (i.e. 
LCF), the crack will not be able to grow very long before final fracture, resulting in a 
larger final fracture area; whereas the load carrying area needs to be further reduced
under lower applied strain/stress levels (i.e. HCF), resulting in smaller final fracture
areas, as shown in Figure 4.9.
In general, slip bands and microstructural weak points, such as microstructural 
defects (i.e. voids and particles) and grain boundaries, can serve as crack initiation sites
by providing local plastic deformation under cyclic loading. The mechanisms for crack




         
       
    
    
 




and location. In the case of AM specimens, a large number of voids with irregular
shape and random size can be formed during fabrication [10,34]; therefore, voids will
most likely dominate the process of crack initiation by providing the required stress 
concentration to initiate a crack at lower number of cycles. 
Figure 4.9 Fatigue fracture surfaces of L-PBF Inconel 718.
Typical fatigue fracture surfaces of L-PBF Inconel 718 at different strain amplitudes; the
dashed line represents transition from crack propagation (stage II of fatigue) toward final 




    
     
 
   
 
  
     
 
   
   
    
    
    
      
     
    
       
  
   
 
  
   
   
Analysis of the fatigue fracture surfaces revealed that surface defects were the
most detrimental ones to the fatigue performance in both machined and as-built L-PBF
Inconel 718 specimens, regardless of the life regime (i.e. LCF or HCF). This is due to the
fact that defects at the surface can provide higher stress concentration [38]. For machined
specimens that failed in either the LCF or early mid-life regimes, multiple crack initiation 
sites were found on the fracture surface, as depicted in Figure 4.10 for a machined 
specimen that failed in the early mid-life regime (Nf = 16,228). Being a dominant portion 
of total fatigue lifetime, the crack propagation phase takes sufficient time, thus allowing
other cracks to initiate in shorter life regimes [39].  As seen in Figure 4.10, cracks appear 
to have initiated from small surface voids, brought to the surface by machining, as well as
surface metal-carbide (MC) particles, damaged or cracked by the tool tip during
machining. Figure 4.10 also presents results from EDS analysis, demonstrating the
existence of MC particles on the machined surface around the crack initiation sites. MC
particles were typically ~10-20 μm in diameter with Ti-based carbides being most
prevalent. Post-machining polishing can possibly reduce the probability of damaged MC
particles existing on the surface [40]. Similarly, analysis of the fracture surfaces of the as-
built specimens in LCF regime revealed multiple cracks growing from voids and 
discontinuities on the specimen free surface resulting from partially-melted powder. Note
that the pressurizing gas medium of the HIP process cannot remove open voids (i.e. 
surface-connected voids), because these types of voids act as an extension of the
specimen’s free surface [41]. 
Further analysis of the machined specimen fracture surfaces (that failed in the




    
 
     
     
  





surface, crack initiation due to small defects (i.e. small surface voids and MC particles) is 
not likely. This is demonstrated by observing the crack initiation sites for two machined 
specimens, each tested under 0.30 % strain amplitude (620 MPa stress amplitude) and 
both yielded similar fatigue lives, as shown in Figures 4.11(a) and 4.11(b). Figure 4.11(a) 
shows a machined specimen that possesses multiple crack initiation sites from surface
defects, while Figure 4.11(b) shows a machined specimen with a large surface void that 
serves as a single initiation site. The singular defect is in the form of an un-melted 
region, located near the perimeter of the part, and most likely is a result of melt pool edge





    
  
 
    
      
   
     
  
    
  
 
Figure 4.10 Crack initiation sites found on the fracture surface of L-PBF Inconel 718.
Multiple crack initiation sites found on the fracture surface of a machined specimen 
failed at early mid-life regime, shown by arrows, and EDS analysis of metal-carbide
particles around the crack initiation sites.
It has been found that un-melted regions are most detrimental to fatigue life as 
they are relatively larger in size and possess irregular shape (i.e. lack of sphericity) [10]. 
The location and size of the crack-initiating void responsible for fatigue failure of the
machined specimen shown in Figure 4.11(b) was easily detected by X-ray CT (prior to 
fatigue testing), and the results are provided in Figure 4.12. These results indicate that a 
large void at the surface is more likely to initiate a crack under fewer number of cycles. 
However, since a significant portion of total fatigue life is still being spent in the crack 




    
  
     
  
   
   
  
  
     
   
      
     
    
  




    
   
 
propagation can noticeably reduce total fatigue life. As a result, both machined specimens 
(tested at 0.30 % strain amplitude), presented in Figures 4.11(a) and 4.11(b), failed at 
nearly the same number of cycles, despite different initiation mechanisms.
At lower strain/stress levels, scatter in the fatigue life data of machined specimens 
was found to be related to defects’ location (i.e. distance from surface), shape, and size.  
Crack-initiating voids with larger size, more irregular shape, and/or proximity to the
surface typically have more detrimental effects on fatigue strength – especially at lower 
strain/stress levels (i.e. mid- and high cycle fatigue). In the presence of several large
voids at the surface, crack initiation competes between them. In this case (i.e. same 
location), the void with larger projected area in a plane perpendicular to the loading axis
or more irregular shape will cause crack initiation first, due to higher stress concentration. 
Figure 4.13 provides the crack initiation sites and an X-ray CT image of surface voids
along the gage section of a machined specimen that failed under 0.26 % strain amplitude
(552 MPa stress amplitude) at 52, 312 cycles. The analysis of the fatigue fracture surface
reveals that Void #3 dominated crack growth, seen in Figure 4.13(a), as crack appears to 
be symmetrically propagated around Void #3. This may be justified by the fact that Void 
#3 most likely provided larger stress concentration due to its wider geometry in the
smallest cross section of specimen’s gage section, as noticed by comparing Figures 
4.13(c) – 4.13(e). The actual size of these open voids (i.e. connected to the surface of 
specimens) cannot be readily determined by X-ray CT scanning/analysis. However, as 
shown in Figures 4.13(c) – 4.13(e), Void #3 exhibits more area in a plane perpendicular 
to the loading direction, promoting higher stress concentration, and consequently, being





   
 
 
    
 
 
surface, the one that can initiate a crack in fewer number of cycles dominates the crack 






Figure 4.11 Fatigue fracture surface of L-PBF Inconel 718.
Fracture surface of two machined specimens failed at mid-life regime with higher 
magnification of (a) two crack initiation sites from surface defects, shown by arrows, and 








   
  
  
    
   
  
  
       
    
 
   
Figure 4.12 Surface void, detected by X-ray CT.
Location and volume of the surface void (detected by X-ray CT) that acted as the crack 
initiation site for the specimen that failed at strain amplitude of 0.30 % (shown in Figure
4.9(b)).
It has been found that for wrought Inconel 718, the fatigue crack typically
originates from the sub-surface or interior of specimens in HCF [38,40]. This may be
explained by the defect distribution within these materials.  A large defect is required for 
initiating a crack in wrought material at low strain/stress levels, which may not be found
very often on the surface of the specimen. However, this is not the case for the
investigated L-PBF specimens, both machined and as-built, which contained a large
number of surface voids and/or discontinuities. 
Both machined specimens were tested at the same strain amplitude of 0.13 % (276
MPa stress amplitude); however, their fatigue lives were markedly different. Two 
similarly-located voids, which are un-melted regions in nature, are shown in Figures 
4.14(a) and 4.14(b), respectively. From these figures, it appears that the specimen with a 




   
     
   
 









number of cycles to failure of the specimen containing a smaller surface void (~50 µm) in
Figure 4.14(b).  Likewise, a machined specimen tested at 0.12 % strain amplitude (241 
MPa stress amplitude), which also had a very large surface void (~300 µm), as depicted 
in Figure 4.15, had shorter fatigue life than the ones tested at 0.13 % (276 MPa stress 
amplitude), presented in Figure 4.14. As seen, the void that served as the crack initiation 
site in Figure 4.15 possessed a very irregular shape (i.e. sharp edges) with relatively wide
projected area in a plane perpendicular to the loading direction. This particular surface
void is most likely attributable to the post-AM machining process, which brought an 
interior void to the surface.
Figure 4.13 Potential crack initiation sites.
(a) Fracture surface, (b) X-ray CT image of surface voids on the gage section, and (c)-(e) 












Figure 4.14 Comparison of crack initiation sites.
Crack initiation sites for two machined specimens under the same strain amplitude: (a) 
specimen with larger surface defect and shorter fatigue life, and (b) specimen with 





   
  
      
    
 
   
    
      
   
   
     
Figure 4.15 Crack initiation site from different views.
Crack initiation site (from top and side views) for a machined specimen from a large, 
irregular shaped surface void, representing an un-melted region.
The most severe void (e.g. the largest and/or the most irregularly shaped) near the
surface dictates the fatigue life of machined specimens in HCF, and typically, a single, 
dominant crack propagates until failure occurs. This does not mean that crack 
development at multiple sites is uncommon in HCF, but typically only one crack 
becomes dominant until final fracture [42,43]. However, for the as-built specimens, 
several surface discontinuities possess a high probability for forming cracks – even under 
low strain/stress levels (i.e. HCF). The interaction between near-proximity, large
discontinuities and voids – formed through partially-melted powders on the surface of the 





   
  
   
  
 
   
  
   
    
fields can induce large plastic deformations on the surface, resulting in several regions 
with similar conditions (i.e. size, location, etc.) to serve as possible crack initiation sites. 
Thus, the case of crack initiation and propagation from the most extreme, life-limiting
void (i.e. a combination of size and shape) for machined specimens in HCF regime shifts
entirely to crack initiation and propagation from multiple sites along the surface in as-
built specimens, as can be seen in Figure 4.16. 
Figure 4.16 Crack initiation sites at HCF regimes. 
Fracture surface (from top and side views) for an as-built specimen failed at HCF regimes 
with higher magnification of crack initiation sites, shown by arrows.
Since the effects of crack propagation and coalescence are less pronounced in 








   





     




   
     
   
 
    
typically a single/dominating crack initiation) and as-built specimens (with multiple crack 
initiations) in long life regimes, where most of the fatigue life is spent in crack initiation. 
This implies that in the presence of large voids at/close to the surface, the effect of 
machining on fatigue life may significantly depend on the thickness of the surface
removal. Depending on the thickness of the outer layer that is trimmed away during
machining, the voids may be removed or brought to the surface. Therefore, it can be
concluded that fatigue life of machined specimens may not be necessarily improved, in 
comparison with their as-built counterparts, when many near-surface voids are still
present after machining.
It is worth noting that the crack initiation sites within the as-built specimens were
mostly located along the specimen’s overhanging surface (surface facing downward 
toward the build-plate during fabrication), since this particular surface possessed higher 
surface roughness and discontinuities. In addition, many secondary cracks were found on 
both the machined and as-built specimen surfaces in different locations away from the 
fracture plane, as shown in Figure 4.17. For as-built specimens, secondary cracks were
found to be related with surface discontinuities formed by partially-melted powder on the
surface; while for the machined ones, secondary cracks were found to be related with 
surface voids, brought to the surface by machining. 
Fractography of the failed specimens (both machined and as-built) reveals signs 
of brittle fracture (i.e. cleavage) during early crack propagation (i.e. close to the initiation
site) – by formation of facet-like surfaces. Crack growth along a crystallographic plane
leaves a flat fracture surface (i.e. facet), indicating transgranular (i.e. through grains) 




     
       
   
     
    




   
    
  
surface, inclined with respect to the fracture plane, as seen in Figure 4.10. The differences 
observed in the size of these facets may be related to the variation of grain size and 
morphology since grain boundaries retard and limit this type of crack propagation. Flat 
river patterns (pointing to initiation site) were observed for the specimens that failed in 
mid- and long-life regimes. Transgranular cleavage fracture mode (i.e. crystallographic
growth mode) was also observed predominantly in crack propagation areas at stage II of 
fatigue. During transition toward stage III of fatigue, evidence of both cleavage and 
micro-void coalescence were observed. The contribution of micro-void coalescence or 
dimple fracture was observed to gradually increase and, finally reach a completely
dominated micro-void coalescence area in the final fracture zones. Final shear fracture or 
rapid crack propagation occurred at ~45° to the tensile loading axis on the fracture









   
  
 
    
  
Figure 4.17 Secondary cracks.
Secondary cracks originated from (a) a surface void of a machined and (b) surface
discontinuities of an as-built specimen, shown by arrows.
4.6 Conclusions
In this study, the fully-reversed axial fatigue behavior of laser powder bed fusion 
(L-PBF) Inconel 718 was investigated at room temperature. In particular, the effects of 
build orientation and surface finishing on fatigue life were sought.  Based on 
experimental results, the following conclusions can be made:
1. The utilized HIP process could not sufficiently remove large voids that were





   
   
 










     
   
  
    
   
built (D) specimens.  These larger voids are most likely due to melt pool edge
effects, lack of fusion, and other processing imperfections/instabilities.
2. A higher level of porosity was observed along the circumference of as-built L-
PBF Inconel 718 specimens as compared to their post-machined counterparts, 
in which the outer layers of specimens were removed by machining.
3. Overhanging surfaces of the diagonally-oriented fatigue specimens fabricated 
via L-PBF consisted of a higher surface roughness than that of the contracting
surface.  This may be attributed to heat concentration between the 
overhanging surface and powder bed, which contains a much lower thermal 
diffusivity.
4. Surface defects induced during the additive manufacturing process or post-
manufacturing machining are the most life-limiting feature of L-PBF Inconel 
718 specimens.
5. The fatigue strength of L-PBF Inconel 718 was found to be significantly lower 
than conventionally-built Inconel 718 in HCF. Aside from differences in 
microstructure, the presence of surface voids was the main reason for this 
behavior.
6. The as-built and machined L-PBF Inconel 718 specimens demonstrated very
similar fatigue performance in both short life (i.e. LCF) and long life (i.e. 
HCF) regimes.
7. The short-life and early mid-life fatigue behavior of the machined specimens 




    
        
  
   
  
    
  
   
    
 





    
 
    
  
       
  
surface voids (i.e. interior voids that are brought to the surface by machining) 
and damaged surface MC particles.
8. In long life fatigue regimes, large un-melted regions on the surface of 
machined specimens always serve as crack initiation sites. In this case, the 
most ‘severe’ void near the surface controls the fatigue life of machined 
specimens and typically, a single, dominant crack propagates to failure.
9. The as-built specimens showed crack growth from numerous damage sites
associated with a large number of partially-melted powder along the free
surface of specimens in LCF regimes.
10. Multiple crack initiate sites were also found on fatigue fracture surfaces of the
as-built specimens that failed during HCF; however, no significant differences 
were observed for fatigue lives between the machined and as-built specimens. 
This was due to the fact that the effects of crack propagation and coalescence
on fatigue life are not typically as significant in HCF regime.
11. Thickness of surface removal during machining may play significant role on 
fatigue behavior of post-machined AM parts. Depending on the thickness of 
the outer layer that is trimmed away during machining, the voids may be
removed or brought to the surface. Thus, the effect of surface finishing (i.e.
machined versus as-built) on fatigue life may not be as pronounced when 
there are still many surface voids present after machining. 
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CHAPTER V
QUANTIFICATION OF TENSILE DAMAGE EVOLUTION IN ADDITIVE 
MANUFACTURED AUSTENITIC STAINLESS STEELS
Yadollahi A, Shamsaei N, Hammi Y, Horstemeyer MF. Materials Science and 
Engineering: A (2016) 657, 399–405.
5.1 Abstract
This study aims to quantify the material behavior, mechanical response, damage
evolution and fracture characteristics of an austenitic stainless steel fabricated by Laser 
Engineered Net Shaping (LENSTM). An internal state variable (ISV) plasticity-damage
model is used to capture the effects of microstructural features, associated with the
manufacturing process, on mechanical properties. 
5.2 Introduction
During the past few decades, “Additive” Manufacturing (AM) has evolved as a
new means to process parts layer-by-layer, in contrast to “subtractive” traditional 
manufacturing methods. Due to AM capability in fabricating customized parts with
complex geometries, it is currently being considered in many applications including
aerospace and medical to produce functional service parts. However, defects and
microstructural heterogeneity inherent to AM are major barriers for producing reliable
structural components. This issue originates from many of the involved AM process 




   
   
 
       
   
  




   
   
  
    
    
  
 
   
hatching pitch, scanning strategy, and building orientation which result in complex
thermal histories by affecting the incident energy as well as melt pool size and shape
[1,2]. On the other hand, mechanical properties primarily depend on microstructural 
features (i.e. impurities, grain size and morphology) which are strongly affected by the 
thermal history (i.e. the thermal gradients, cooling rates, and reheating) experienced 
during processing.
Furthermore, even under constant laser process parameters and scanning pattern, 
distinct thermal histories, and consequently, microstructure variations can result from 
different inter-layer time intervals (i.e. the amount of time taken for the laser to finish one
layer and start depositing the next layer) [3,4]. The inter-layer time interval can vary by
laser idle time, part size, and number of parts fabricated on a build plate. The latter is a 
method to minimize manufacturing time of components in order to increase the 
adaptability of AM in industry. Thus, the parts can be fabricated all at once (in-parallel) 
instead of one-by-one (in-series). Mechanical and microstructural properties for parts 
built in-parallel may be different than those built in-series [4].
Hence, significant effort has been recently devoted to developing effective
optimization and control mechanisms for fabricating components with uniform 
microstructure and desirable mechanical properties [5]. Selection of appropriate process 
parameters with an interactive control system using thermal sensing and monitoring has 
been accordingly proposed [6]. Despite all of these research efforts, undesirable 
consequences of this manufacturing method on material properties are inevitable and 
overcoming this challenge is still an open issue. However, having the capability to predict 








    
  
       
 
  
   
    
 
   
    
    






adoption of AM for a myriad of engineering applications. This can be facilitated by
relating the stress-strain response of the AM part to its microstructure (i.e. size and 
morphology) and defect statistics (i.e. size, spacing, etc.), affected by various thermal 
histories during fabrication, by a means of calibrating a microstructure sensitive plasticity
model. 
The internal state variable (ISV) plasticity-damage model introduced by
Bammann et al. [7,8] and later modified by Horstemeyer and Gokhale [9] has been 
shown to have the ability to link microstructural details and heterogeneities to mechanical 
properties. Considering its capabilities in capturing and modeling microstructural defect 
induced damage, the ISV model has been extended in this study to quantify behavior and 
microstructure-property relation of an AM fabricated material subjected to tensile
loading. The ISV model is used to link laser deposited 316L austenitic stainless steel (SS) 
inherent impurities to its mechanical response using the defects statistics of samples built 
in-parallel and in-series.
5.3 Materials and methods 
For this study, cylindrical bars were fabricated using the LENSTM 750, a Direct 
Laser Deposition (DLD) AM machine that employs a blown powder system, as shown in 
Figure 5.1(a), in vertical orientations out of gas-atomized 316L SS powder (C 0.042, Cr 
20.0, Ni 11.0, Mn 1.4, Si 0.6, Mo 2.5, S 0.1, balanced Fe by weight%). The LENS
processing parameters, selected to ensure a low level of porosity, were as follows: 360 W 
laser power, 8.5 mm/sec beam traverse speed, 1.2 g/sec powder feed rate, 0.5 mm layer 
thickness, and 0.5 mm hatching pitch [4]. Using these process parameters, two groups of 




    
   
 
     
  





     
      
‘in-series’ (single-built) and (ii) nine samples all together, ‘in-parallel’ (nine-built). For 
the first group (single-built), each sample was fabricated continuously layer-by-layer 
without any time interval between layers. For the second group (nine-built), one layer of 
all nine samples was deposited before moving to the next layer; therefore, inter-layer time 
interval for nine-built samples (9X) takes approximately ten times longer than single-
built samples (1X). Differences in the inter-layer time intervals of two groups cause a
substantial difference in thermal history (i.e. cooling rate and tempering temperature of 
the previously deposited material), and consequently, microstructure properties (i.e. grain 
size and morphology) as well as defect size and distribution [4]. 
Figure 5.1 Schematic showing the overall approach.
A schematic showing (a) LENS process, (b) 1X and 9X cylindrical rods, (c) sequences in 
a ductile fracture mechanism, and (d) the ISV approach.  
Tension tests were conducted on two sets of four round tensile specimens,




   




   
    
 
 
   
      




   
 
 
   
 
  
0.001/s at room temperature. Details of the experimental setup and results can be found in 
[4]. Using scanning electron microscopy (SEM), the ISV model constants relating to the
defect statistics were determined from the fracture surface analysis of failed specimens 
and microstructural examinations. In particular, particle size, d, and volume fraction, f, as 
well as the initial pore radius, R0, were obtained from fractography of post-mortem 
tensile specimens, while the pores size, d0, and their average nearest neighbor distance, 
NND, were captured from microstructural examinations of the longitudinal and transverse
sections (i.e. parallel and perpendicular to the building direction) close to the middle
region. The defects data were gathered from all the tensile tested specimens of each set. 
However, the grain size and the scatter for each set were obtained from separate 
microstructural samples. The ISV model parameters related to the yield, isotropic
hardening and recovery were selected to produce the best fit to the average experimental 
stress–strain data for one material system (here, for 1X). Validation of the model was 
then accomplished by predicting lower and upper bound curves in order to capture the 
scatter in experimental results based on the defects statistics – i.e. the lower and upper 
bounds were determined using defects data of the specimens with the smallest and largest 
elongations to failures, respectively.  
5.4 Microstructure-based ISV plasticity-damage model
Mechanical properties depend on the amount and type of defects within the 
material which are known as the sites of local micro-scale stress raisers. Accordingly, 
damage growth is determined by the accumulation of different types of micro-defects
[11]. The main components of damage progression mechanisms in AM parts are void 
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un-melted regions (resulting from lack of fusion and low penetration depth of laser 
power), as well as particle inclusions including partially/un-melted powder particles 
(caused by ineffective fusion) and primary/secondary phase particles. Since the process 
of ductile fracture for most metals occurs mainly due to the void nucleation, growth and 
finally coalescence into a micro-crack, as presented in Figure 1(c), a realistic prediction 
model for ductile fracture must include these three steps. The ISV model [7–9,12] is a 
physically-based plasticity and damage constitutive model based on microstructural 
features and evolution for each step, as shown schematically in Figure 1(d).
The modified ISV plasticity model [9] can account for stress state dependent 
damage evolution and include the microstructural details for damage progression and 
failure analysis. The simplified equations used within the context of the finite element 
method (FEM) are given by: 
(5.1)
where 𝜎 is the stress tensor, 𝜀𝑒 is the elastic strain tensor, and 𝐶𝑒 is the elastic stiffness. 
The elastic rate of deformation, 𝐷𝑒, then results by subtracting the inelastic rate of
deformation, 𝐷𝑖𝑛, from the total rate of deformation, 𝐷:
(5.2)
̇ (5.3)
where 𝑛 denotes the plastic normal tensor and is defined as:
(5.4)
where 𝜎′ denotes the deviatoric stress tensor. Here, 𝜆̇ is a Lagrange multiplier and can be
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(5.5)
where the function Y is the rate-independent yield stress and R is the isotopic hardening
internal state variable. Considering the fact that all the tension experiments are conducted 
at room temperature, Y can be simplified (i.e. by omitting the temperature dependent 
material term) as [9]:
(5.6)
where Y0 is a yield adjustment constant. The reference grain size, GS0, grain size of the
experiment sample, GS, and grain size exponent, z, are used here to account for the effect 
of microstructure on the yield stress. Note that GS0 belongs to the sample used for the 
model calibration (here, 1X).
The evolution of the isotropic hardening is then defined by [9]:
̇ (5.7)
where Rd is the scalar function describing dynamic recovery and H is the isotropic
hardening modulus. 
Besides the common defects in conventionally built materials, un-melted regions 
and un-melted powder particles also exist as microstructural impurities in AM materials. 
Therefore, the total damage, 𝜑𝑡𝑜𝑡𝑎𝑙, in ISV model can be modified to account for damage
originated from different AM impurities as:
𝜑𝑡𝑜𝑡𝑎𝑙 = [𝜑𝑝𝑜𝑟𝑒𝑠 + 𝜑𝑢𝑛−𝑚𝑒𝑙𝑡𝑒𝑑 𝑟𝑒𝑔𝑖𝑜𝑛𝑠 +
𝜑𝑝𝑜𝑤𝑑𝑒𝑟 𝑝𝑎𝑟𝑡𝑖𝑐𝑙𝑒𝑠 + 𝜑𝑝𝑟𝑖𝑚𝑎𝑟𝑦/𝑠𝑒𝑐𝑜𝑛𝑑 𝑝ℎ𝑎𝑠𝑒 𝑝𝑎𝑟𝑡𝑖𝑐𝑙𝑒𝑠] ∙ 𝐶 (5.8)
where 𝜑𝑝𝑜𝑟𝑒𝑠, 𝜑𝑢𝑛−𝑚𝑒𝑙𝑡𝑒𝑑 𝑟𝑒𝑔𝑖𝑜𝑛𝑠, 𝜑𝑝𝑜𝑤𝑑𝑒𝑟 𝑝𝑎𝑟𝑡𝑖𝑐𝑙𝑒𝑠, and 𝜑𝑝𝑟𝑖𝑚𝑎𝑟𝑦/𝑠𝑒𝑐𝑜𝑛𝑑 𝑝ℎ𝑎𝑠𝑒 𝑝𝑎𝑟𝑡𝑖𝑐𝑙𝑒𝑠, 




    
       
 
 
    
 
    
        
 
     
    
    
    
       
     
     
    
       
  
  
     
regions caused by un-melted powder and primary/second phase particles, respectively. C
in Eq. (8) denotes the coalescence term. Due to similarity in the effects resulting from a 
pore and an un-melted region, both can be considered as a pre-existing pore. Likewise,
the un-melted powder particles and primary/secondary phase particles, which act as the
sources of void nucleation and growth, can be combined to represent the damage arising
from particles:
𝜑𝑝𝑎𝑟𝑡𝑖𝑐𝑙𝑒𝑠 = 𝜂 ∙ 𝜐 (5.9)
where η is a void nucleation term and ν is a void growth term. Then, equation (8) can be
simplified as:
𝜑𝑡𝑜𝑡𝑎𝑙 = [𝜑𝑝𝑟𝑒−𝑒𝑥𝑖𝑠𝑡𝑖𝑛𝑔 𝑝𝑜𝑟𝑒𝑠 + (𝜂 ∙ 𝜐)𝑝𝑎𝑟𝑡𝑖𝑐𝑙𝑒𝑠] ∙ 𝐶 (5.2)
The void nucleation density (number of voids per unit area or volume) equation 
[9] is simplified (i.e. by omitting the temperature dependent material term) as: 
1⁄2𝜀(𝑡)𝑑 𝐼1𝜂(𝑡) = 𝐶𝑐𝑜𝑒𝑓𝑓 𝑒𝑥𝑝 [ 1 {𝑐 1 }] (5.3)⁄2 ⁄2𝐾𝐼𝐶𝑓 𝐽2 
where ε (t) is the strain at time t, Ccoeff is a material constant that scales the response as a
function of initial conditions. Constant f is the volume fraction of particles, d is the
average particle size, and KIC is the bulk fracture toughness. Constant c is a material 
parameter related to the influence of the stress triaxiality on nucleation of voids. I1 is the
first stress invariant and J2 is the second deviatoric stress invariant [9].
McClintock’s equation [13] is used in the ISV model to take the void growth from 
particles into consideration:
3 








   
 
 
   
     
 
 
   
   
    
   
      
    
     
 
 
   
 
where R0 is the initial pore radius and n is the strain-hardening exponent. The damage
originating from the pre-existing pores in the material, considered as the area or volume
fraction of pores (i.e. void area (or volume) divided by the total area (or volume)), is 
taken from Cocks and Ashby [14]:
?̇? =𝑝𝑟𝑒−𝑒𝑥𝑖𝑠𝑡𝑖𝑛𝑔 𝑝𝑜𝑟𝑒𝑠 
1 2(2−𝑚) √2 𝐼1[ 1⁄𝑚 − (1 − 𝜙𝑝𝑟𝑒−𝑒𝑥𝑖𝑠𝑡𝑖𝑛𝑔 𝑝𝑜𝑟𝑒𝑠)] 𝑠𝑖𝑛ℎ [ ) ] 𝜀̇ (5.5)2+𝑚 3√𝐽2(1−𝜙𝑝𝑟𝑒−𝑒𝑥𝑖𝑠𝑡𝑖𝑛𝑔 𝑝𝑜𝑟𝑒𝑠) 
where 𝜀̇ is the strain rate and m is a material constant related to strain rate sensitivity. 
Here, the initial pore volume fraction of the sample, V, is considered as an initial value
for the damage of pre-existing pores.
Coalescence phenomena (i.e. voids joining/interaction) arises naturally with the 
multiplicative relation between the nucleation and growth terms. The currently
introduced equation for pore coalescence in the ISV model [15,16], which is a function of
both pore size and pore spacing (i.e. NND), is used in this study. This equation well
represents the behavior of materials with high levels of initial porosity , through 
consideration of rapid growth from areas with concentrated pores [16]:
𝜁 
𝐶 = (
4𝑑0 ) 𝜀 (5.14)
𝑁𝑁𝐷 
where d0 is the pore diameter and  is a material constant. Again, note that the 
temperature dependent material term is omitted from this equation since all the tensile
experiments are performed at room temperature.
5.5 Results and discussion
Mechanical properties, microstructure, and inclusion features were found to




   
  




   
         
     
   
  
   
 
 
    
  
     
    
     
 
time interval led to finer microstructure and higher strength as well as lower ductility
resulting from the higher cooling rate [4]. Electron backscatter diffraction (EBSD) maps
of a longitudinal section from the middle region of 1X and 9X are shown in Figure 5.2. 
Columnar growth of dendrites with the same orientation throughout their entire length 
can be observed for both 1X and 9X. However, more epitaxial growth can be seen in 1X 
due to higher laser penetration depth resulting from shorter inter-layer time interval. No 
significant difference was observed in phase volume fractions of 1X and 9X (~93%
austenite and ~7% ferrite). The measured average grain size (in the middle region) of 9X,
~55 ± 15 µm (mean ± standard deviation), was significantly lower than that of 1X (~140
± 20 µm) due to the higher cooling rate – giving rise to the higher strength of 9X. 
Examination of fractured tension specimens showed more evidence of ductile fracture for
1X as compared to 9X, such as more reduction in area, and larger numbers of dimples 
and micro-voids. Higher magnification of the tensile fracture surfaces revealed evidence
of trapped particles in the voids for both sets, as shown in Figure 5.3(a), suggesting that 
the voids may have originated from de-bonding of the metallic matrix due to particle 
inclusions. Particle inclusions observed on the fracture surface of both sets were mostly
un-melted powder particles caused by insufficient melting during fabrication, as seen in 
Figure 5.3(b). Oxide particles including MnO and SiO2 could also be observed on the 
fracture surface of 9X, as depicted in Figure 5.3(b). Since the presence of oxygen is
unavoidable despite the inert atmosphere of the LENS process, the longer inter-layer time
interval of 9X resulted in more formation of oxide particles due to the increased exposure
















       
resulting from insufficient fusion during LENS processing of 9X were present on fracture







Figure 5.2 EBSD map of LENS 316L SS from the longitudinal section of the middle
region of (a) 1X and (b) 9X.
Figure 5.3 Fracture surface of LENS 316L SS samples.
(a) micro-voids with particles trapped in their center, (b) un-melted powder and oxide 
inclusion particles, (c) pores resulted from entrapped gas, and (d) un-melted regions 
resulted from insufficient melting during fabrication of 9X. 
The ISV model parameters for 1X and 9X are listed in Table 5.1. The minimum 
number of parameters needed to provide accurate prediction is used; and parameters not 








   








material system – in this study, the constants were calibrated for 1X. The average stress-
strain curve for 9X is generated only by knowing the average grain size (in gage section) 
and defect statistics. Hence, the ratio of reference grain size, (140 µm for 1X) to grain 
size of 9X (55 m) is adequate to account for the effects of the change of microstructure
on the yield, isotropic hardening and dynamic recovery.
More de-bounded un-melted powder particles were found on the tensile fracture
surfaces of 9X due to the relatively higher solidification speed. In addition, oxide 
particles found in 9X were much larger than the un-melted powder particles found in both 
1X and 9X. Therefore, larger values for d, f, and R0 are reported in Table 5.1 for 9X as 
compared to 1X. Moreover, d0 is significantly larger for 9X due to the presence of un-
melted areas, serving as large pre-existing pores. The scatter of the defect data can be
noticed by comparing the statistical data of the lower and upper bounds in Table 5.1 –


















 Triaxiality constant (MPa)  c   1.5x104   1.5x104   1.5x104   2.5x104   2.5x104   2.5x104
 Nucleation coefficient Ccoeff   0.0001  0.0001  0.0001  0.0010  0.0010  0.0010
 Average pore diameter
 (mm)  d0  0.012  0.015  0.012  0.032  0.040  0.030
 Average pore NND (mm) NND  0.090  0.075  0.094  0.080  0.075  0.090
 Fracture toughness
 (MPa√m) KIC   180  180  180  180  180  180
Average particle size (mm)  d  0.002  0.0021  0.0018  0.0052  0.0056  0.0050
Particles volume fraction  f  0.003  0.0027  0.0035  0.012  0.010  0.020
 Modulus-porosity
 adjustment term  ζ  1  1 1 1 1 1 
 Initial pore
fraction 
volume  V  0.026  0.026  0.026  0.034  0.034  0.034
 Strain  hardening exponent  n  0.27  0.27  0.27  0.23  0.23  0.23
 Initial pore  radius  (mm)  R0  0.0022  0.0023  0.0020  0.0048  0.0056  0.0045
 Reference  grain size (µm)  GS0  140  140  140  140  140  140
 Grain  size of
sample (µm) 
experiment  GS  140  160  120  55  70  40
 Grain size exponent  z  0.13  0.13  0.13  0.13  0.13  0.13
Material constant  m  1  1 1 1 1 1 
 Yield  stress
 (MPa)
constant  Y0  410  410  410  410  410  410
Isotropic dynamic 
 recovery  constant (1/MPa)  Rd  0.04  0.04  0.04  0.04  0.04  0.04
 Isotropic hardening
 modulus  constant (MPa)  H  2,300  2,300  2,300  2,300  2,300  2,300
 
 
    
  
 
     
    
Table 5.1 ISV model constants (elastic–plastic and damage) for LENS 316L SS in 
this study.
The comparison of the ISV model predictions with the tension experimental 
results are shown in Figure 5.4. The average stress–strain data from tension tests are
presented in this figure. Error bars in this figure represent the ranges observed during
tension experiments for yield and ultimate strengths, as well as elongation to failure of 
each set. The predicted lower and upper bounds, presented in Figure 5.4, indicate that the 






     
  
     
     
   
    
    
 
      




   
  
   
   
 
predicted using the defect data taken from the specimens with the smallest and largest 
elongation to failures in each set of specimens. As seen from Figure 5.4, the damage 
evolution for the lower bound of 9X is slightly underpredicted by ISV model. This may
be explained by synergistic effects and interaction of defects in 9X with high levels of 
impurities resulting in some errors. Constants c and Ccoeff for the nucleation equation do 
not vary for all samples of each set, because the parameters d, f, and R0 can account for 
the local stress state affecting void nucleation in each set. Constant c is higher for 9X as 
compared to 1X, because the oxide particles embedded within the 9X may cause a higher 
void nucleation rate than un-melted powder particles. This is due to the fact that the 
differences in material properties between oxide particles and matrix would locally affect 
the stress state that drives the void nucleation; thus, oxide particles are more prone to de-
bonding than un-melted powder particles. The constant Ccoeff is also larger by an order of 
magnitude for 9X as compared to 1X indicating more voids nucleating from the larger 
particles present in 9X (i.e. oxides).
The simulated number of voids nucleated per unit area versus strain is presented 
in Figure 5.5(a). The model captures the stress-state dependent trends that void nucleation 
occurs at a lower strain level for 9X, containing large oxide particles. However, 9X 
incurred a significantly lower final number density of nucleated voids compared to 1X. 
This is due to the fact that void nucleation is not the easiest mechanism for energy
dissipation in the presence of large pores and particles. Void growth starts from larger R0 
and increases with a higher rate in 9X than 1X, presented in Figure 5.5(b) as the average
void size versus strain. Figures 5.5(c) and 5.5(d) present damage originating from 














   
   
    
   
seen, damage originating from pre-existing pores is larger for 9X due to the higher initial 
porosity and larger d0 for 9X. Observations from Figures 5.5(a) - 5.5(c) suggest that the
contribution of the void growth on damage originating from nucleated voids is more
pronounced for 9X, when compared to 1X, due to the greater pore density of 9X. 
Figure 5.4 ISV model predictions.
ISV model predictions of lower and upper bounds as compared with the experimental 
scatter bands (shown by error bars) for LENS 316L SS 1X and 9X data.
Figure 5.5(e) depicts the coalescence trends of 1X and 9X versus strain. This 
figure shows that coalescence increases more rapidly for 9X as a result of their larger d0 
and closer NND. In addition, the more interactions of the pores’ associated stress fields 
for 9X may have contributed to their higher coalescence rate. The total damage
accumulation as a function of strain is shown in Figure 5.5(f). As seen, the total damage
reaches its maximum point at lower strain level for 9X, mostly resulting from the large
contribution of damage originating from nucleated voids. Considering Figures. 5.5(d) -




      
   
   
   
 
damage than the damage originating from pre-existing pores for both sets. Furthermore, it
is obvious that coalescence has the largest contribution on the total damage for both sets -
playing a major role in damage evolution for AM parts with high initial pore density (i.e.








Figure 5.5 Quantified damage.
The model prediction of (a) number density of voids, (b) average void size, (c) damage
origination from nucleated voids, (d) damage originating from pre-existing pores, (e) 








   
   
  











Predicting the properties of Additive Manufactured parts is a big challenge due to 
many involved process parameters which result in complex thermal histories during
fabrication. Consequently, stress-strain behavior of AM parts is strongly dependent on 
variation of microstructure and defects, as affected by thermal history. Therefore, using a
microstructural sensitive plasticity model capable of linking the microstructural details 
(i.e. grain size and morphology as well as defects statistics) to stress-strain behavior is 
essential for adoption of AM in many applications. In this study, the defects statistics as 
well as calibrated material constants (i.e. elastic–plastic and damage constants) are used 
to quantify the damage progression including voids nucleation, growth, and coalescence
as a function of deformation. The correlation of the ISV plasticity-damage model with 
tensile tests for LENS 316L SS was examined. The model was capable of predicting the
scatter in stress-strain experimental data using the unique microstructural details 
belonging to each set of specimens. Coalescence was found to be the main mechanism of 
damage for AM parts, containing relatively high initial porosity levels as compared to the
wrought materials. Additionally, the contribution of coalescence on total damage was 
more pronounced for samples with higher initial porosity (i.e. 9X), resulting from a
longer time interval during fabrication.  
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FATIGUE-LIFE PREDICTION OF ADDITIVELY MANUFACTURED METAL: 
EFFECTS OF SURFACE ROUGHNESS, DEFECTS’ SIZE AND SHAPE
Yadollahi A, Mahtabi MJ, Khalili A, Doude H, Newman, JC. submitted to International 
Journal of Fatigue.
6.1 Abstract
In this study, the effects of process-induced voids and surface roughness on the 
fatigue-life of an additively manufactured material are investigated using the crack-
growth approach. Among different sources of damage under cyclic loadings, fatigue due
to cracks originated from voids and surface discontinuities is the most life-limiting failure
mechanism in powder-based metal additive manufacturing (AM) parts. Hence, having the 
ability to predict the fatigue behavior of AM materials based on the void features and 
surface texture would be the first step toward improving the reliability of AM part. Test 
results from the literature on Inconel 718 fabricated via a laser-powder bed fusion (L-
PBF) method are analyzed herein to model the fatigue behavior based on the crack-
growth from semi-circular/elliptical surface flaws. The fatigue-life variations in the 
specimens with ground and as-built surface finishes are captured using the characteristics 
of voids and surface profile, respectively. The results indicate that knowing the statistical 
range of defect size along with a proper fatigue analysis approach provide the opportunity

















depth of the surface profile can be used as an appropriate parameter for the fatigue-life
prediction of AM materials in their as-built surface condition.
6.2 Introduction
Additive Manufacturing (AM) is a common term used to describe any technology
that manufactures physical 3D objects in a layer-wise manner and through the addition of 
material, as opposed to the traditional subtractive and formative methods [1]. Several AM 
processes, which vary in their method of layer manufacturing, feedstock material and 
form, have been developed in the past decades [2]. Among various AM systems, more
attention has been paid toward powder-based metal AM in recent years by commercial 
and academic sectors [3]. Many industries, including aerospace and biomedical, are
increasingly turning to the metal AM to fabricate customized parts with complex
geometries, which traditional manufacturing techniques are unable to produce. However, 
there are several challenges to a wider adoption of AM components in industry; fatigue
and durability of the parts being one of the most important ones [4,5].
Ensuring part quality is the main challenge for additively manufacturing the real 
structural and functional parts [5,6]. Variations in the AM systems, feedstock, and 
building procedures cause significant distinctions and uncertainties in the mechanical 
properties of AM materials [5]. In addition, alteration of any of the involved parameters 
in the AM process, such as power setting, beam travel speed, layer thickness, etc., as well
as the geometrical aspects of the part, affect the thermal histories during fabrication, and 
consequently, the microstructural features of the fabricated parts [4,5]. As a result, 
depending on the resultant microstructural details (i.e. grain size, morphology, and 




















mechanical properties of AM materials can vary from machine to machine and even for 
different locations within a part [4,5]. Despite the significant research efforts on the 
parameter optimization/control in AM process, fabricating a defect-free part with uniform 
microstructure has not been fully achieved yet [6–8]. Overcoming these challenges 
demands a thorough understanding of the relationships among process parameters, 
thermal history, solidification, resultant microstructure, and the mechanical behavior of
AM parts, which is still an open issue [4,5].
In one hand, investigation of the mechanical properties of AM materials, at the
current state of AM technology, is mostly limited to the small laboratory specimens with 
simple geometries [4,5]. On the other hand, since any change in the size or geometry of 
AM parts may significantly affect the properties of the final product, the mechanical data, 
collected from laboratory specimens, may not truly represent the behavior of actual parts, 
made of the same material and process [5,9]. Thus, moving toward successful adoption of
AM, as a means for fabricating real structural components, demands the capability to 
predict the variations in mechanical behavior — and most importantly fatigue life — of 
AM parts based on their resultant microstructure. 
Among the different mechanical properties, failure under cyclic loading (i.e. 
fatigue) is a major threat for the metallic AM parts in various applications [4,10,11]. In 
general, the static mechanical properties (e.g., tensile and compressive strengths) of AM 
materials are comparable to their conventionally manufactured counterparts [4,5]. 
However, fatigue resistance of AM materials is significantly lower than conventionally-
built ones [4,10]. This is due to the fact that fatigue failure is a local phenomenon, thus, it 




   







     











features of the current metal AM parts. As a result, not only AM materials exhibit shorter
fatigue lives — compared to their wrought counterparts — their fatigue lives also display
significantly greater uncertainty and scatter [4,5].
Experimental observations in the literature have revealed that among different 
sources of damage under cyclic loadings, crack originated from voids  and/or surface
discontinuities is the most life-limiting fatigue failure mechanism in powder-based metal 
AM parts [10,12–16]. Accordingly, variations in surface roughness  as well as location, 
size, shape, and spacing of voids are the main reasons for the uncertainty and large scatter 
in the AM fatigue data [5,10,15]. Although one may consider hot isostatic pressing (HIP) 
as a remedy to remove the voids inside AM parts [17,18], experiments indicate that large
voids, generated during the AM process, cannot be suppressed completely by employing
HIP [5,19]. As a result, the first step toward improving AM part reliability – at least for
the particular applications not requiring very long fatigue lives – is to understand and be
able to model the influences of void features (e.g., size, shape, and distribution) and 
surface roughness on the fatigue behavior of AM materials.
Fatigue life of many materials is primarily the number of cycles that takes for a
crack to grow from microstructural features, including voids — inclusion particles, and 
persistent slip-bands — until the remaining material can no longer carry the load [20].
Considering that the voids already exist in the AM materials, fabricated by the current 
state of AM, crack-growth-based modeling of fatigue appears to be a promising
technique for analyzing the life of AM materials under cyclic loads. The purpose of this 
paper is to use the crack-growth concepts for predicting the fatigue-life of AM materials 





   
 
    
  
 
   
    
  






   
   
  
and shape as well as surface roughness properties of the fabricated specimen. Test results 
from the literature on Inconel 718 fabricated via a laser-powder bed fusion (L-PBF) 
method were analyzed to establish an effective stress-intensity factor range, ΔKeff, against
crack-growth rate, da/dN, relation. The plasticity-induced crack-closure model 
FASTRAN [21] is used to predict fatigue-lives for L-PBF Inconel 718. Scatters in 
fatigue-life of AM alloy with as-built and ground surface are captured based on the 
variations observed in characteristics of defects and surface roughness.  
6.3 Material and testing
6.3.1 Material fabrication and preparation
Inconel 718 alloy is considered in this paper to demonstrate the fatigue-life
prediction of AM materials using the crack-growth approach. Inconel 718 specimens 
were fabricated using a laser-powder bed fusion (L-PBF) system (Concept Laser M1) at 
NASA’s Marshall Space Flight Center (MSFC) [22,23]. All the mechanical test results 
for the same material are taken from the literature [5,22,23]. Post-fabrication heat 
treatment was conducted on the specimens in the following order [22,23]: (1) stress 
relieving at 1065 °C for 1.5 h, followed by furnace cooling; (2) HIPing at 1165 °C and 
~100 MPa for 3-4 hours; (3) solution treating at 1066 °C for 1 hour then air cooling [24]; 
(4) aging at 760 °C for 10 hours then furnace cooling to 650 °C and treating for total of 
20 hours [24]. This intensive heat treatment process resulted in healing the small 
porosity, homogenization and complete recrystallization of the microstructure, and 
removing any δ-phase precipitation [5,22,23].
Round uniform stress (KT = 1), un-notched fatigue specimens with a gage







   
   
 
   
 












(HCF) experiments [22,23]. Two different sets of HCF specimen were fabricated using
the same machine [22,23]: one set of specimens — called “defective build” in the rest of 
this paper — contained defects due to the lack-of-fusion, whereas for the other set —
referred to as “non-defective build” in the rest of this paper  — such defects were greatly
eliminated by enhancing the build quality via unclogging the ventilation duct. Some of
the non-defective build specimens were tested in their as-built surface finish condition 
(i.e. no machining or polishing) and the remaining specimens were tested at low stress 
ground (LSG) surface finish [22,23]. The defective-build specimens were also tested in 
LSG condition [5]. The large-crack data (i.e. ΔK-da/dN) were obtained from testing
compact tension, C(T), specimens (W = 38.1 mm and B = 6.35 mm) [22,23] made from 
the same material processed through exact same heat treatment schedule as for the fatigue
specimens. All the data used in this paper were collected at room temperature (i.e. 
nominal lab conditions) [5,22,23].
6.4 Experimental data
Constant amplitude, uniaxial high cycle fatigue (HCF) data for different sets of L-
PBF Inconel 718 specimens at room temperature [5,22,23] are presented in Fig. 1. All the
HCF experiments were conducted under force-controlled constant-amplitude axial fatigue
test condition [5,22,23], according to ASTM E466 [25]. Non-defective build specimens 
were tested at stress ratio (R = σmin/σmax) of 0.1, while the HCF data of defective built in 
low stress ground (LSG) surface finish were obtained from fully reversed condition, i.e. R
= -1 [5,22,23]. Although the fatigue specimens were fabricated in two different 
orientations, i.e. vertical (V) and horizontal (H), no differences were found between the 






















fabricated in different orientations, due to the utilized treatment and HIP processing
schedule [5,22,23]. For instance, the HCF data of non-defective built in LSG condition 
consist of horizontal and vertical orientations; however, as seen from Fig. 1, there are not 
any statistical differences between HCF data of vertical and horizontal specimens, by
considering the typical range of scatter in fatigue experiments. In addition, tensile
performance of different orientations were similar and reported in the original document 
to be [22,23]: yield stress (σys) = 1,170 MPa, ultimate tensile strength (σut) = 1,380 MPa, 
and the Young’s modulus (E) = 178 GPa. Thus, the effect of building orientation is not 
considered in this study and specimens from different building orientation (i.e. V or H), 
are simply referred to as defective or non-defective, without specifying the building
orientation.
As seen from Fig. 1, defect-free build (i.e. non-defective build) shows 
significantly higher fatigue resistance as compared to the build with defect (i.e. defective
build). The presence of large lack-of-fusion defects, resulting from clogged ventilation 
duct — which allows combustion by-products to settle on the powder — was found to be 
the main reason for lower HCF strength of defective build specimens [5,22,23]. The HCF
strength of as-built specimens is also significantly lower than their counterparts in LSG 
surface finish, indicating the detrimental effect of surface roughness on the fatigue





   
   
     
 




   
 
 
Figure 6.1 Experimental HCF data for L-PBF Inconel 718  [5,22,23].
Specimens fabricated in vertical (V) and horizontal (H) orientations and tested in the as-
built and low stress ground (LSG) surface conditions.
The crack-growth rate data, da/dN, versus stress-intensity factor range, ΔK, from
experiments are plotted in Fig. 2. The large-crack data presented herein were generated 
according to ASTM E647 [26] based on compression precracking (CPC) procedure at R
= 0.1 and 0.7 [22,23]. Compression-compression loading was used to generate a crack at 
the notch root of a C(T) specimen, which may produce more conservative threshold and 
near-threshold crack-growth rates (i.e. low threshold values) [20]. Fatigue crack-growth 
rate data were obtained over a wide range of rates from threshold to fracture.
Room temperature test data on the large-crack ΔK-rate and HCF of L-PBF




   
 
 
   
 





approach based on the initial flaw size — consistent with void distribution and surface
roughness in AM materials. 
Figure 6.2 Experimental large crack-growth data for L-PBF Inconel 718 [22,23].
6.5 Fatigue modeling
In wrought materials, several sources of damage (i.e. slip bands and 
microstructural weak points, such as defects and grain boundaries) typically compete 
together for incubating cracks [11]. However, in AM materials, cracks initiating from the
voids located near the surface of the specimen seem to be the main life-limiting failure
mechanism [10,12–16]. A wide range of void size (e.g., from few microns to few 






    















voids are predominantly attributed to entrapped gas and are known as pores; while the 
larger voids are mostly formed due to insufficient fusion and are called un-melted regions
or lack-of-fusion defects [5]. Configuration of some lack-of-fusion defects formed within 
an L-PBF 17-4 PH stainless steel are detected by X-ray computed tomography (CT) [10]
and presented in Fig. 3(a). As seen, this type of voids has very large size and irregular
shape. In general, the most influential void (e.g. the largest and/or closest to the surface) 
dictates the HCF life, and typically, a single, dominant crack propagates until failure
occurs. Thus, information of voids with the largest size (i.e. lack-of-fusion defects) could 
be sufficient for fatigue analysis, and the effect of small voids can be negligible in 
presence of many larger voids. 
Despite a lot of complexities and variations in the resulting microstructure (such 
as the grain morphology and size, defects, etc.) of AM materials, prediction of fatigue life
might be more straightforward for these materials, as compared to wrought materials, 
since the source of fatigue damage (i.e. crack) already exists within the AM material (i.e. 
process-induced voids). The incubation stage of fatigue life — i.e. the number of cycles 
required to form a small crack and propagate it within the influence of the micronotch 
root field [27] — can be neglected for AM materials due to the presence of irregular-
shaped voids within the AM materials. Fan et al. [27] showed that for a void with local 
radius of curvature less than 10 μm, the fatigue crack incubation life is only few tens of 
cycles. Hence, since the local curvature radius of the irregular-shaped voids in AM 
materials is very small, as seen from Fig. 3(a), the corresponding fatigue incubation life
may have no influence on the total fatigue life. As a result, here, the total fatigue-life













first cycle. Consequently, the fatigue-life prediction based on the crack-growth concept 
would be a very promising method for AM materials, considering that the presence of
process-induced voids with large size and irregular shape is inevitable in the current state 
of AM technique. 
Figure 6.3 Irregularly shaped void.
(a) Configuration of large voids formed during fabrication of a stainless steel via an L-
PBF, detected by X-ray CT and (b) schematic showing the irregularly shaped void and its
equivalent smooth-shape initial crack.
Although process-induced voids in metal AM materials possess severe
complexity in shape (i.e. irregular shape), it is not significantly unrealistic to replace a








   
 








   
irregularly-shaped crack similar to the one in Fig. 3(b), the stress intensity factor, K, at 
the valley points is much greater than that expected from the elliptical crack. However, 
since the fatigue cracks are expected to initiate at these valley points, and continue to 
propagate until they cover the hatched area, as depicted in Fig. 3 (b), irregularly-shaped 
cracks usually tend to transit quickly into an approximately smooth shape [28,29]. In this 
regard, in the presence of voids with small local curvature, the overall aspect ratio (i.e. 
ratio of the largest to smallest dimensions) would be a more important geometrical 
characteristic than the local curvature of voids. Consequently, knowing the size and 
overall aspect ratio of a void, the source of fatigue cracking can be modelled as a
smoothly-contoured shape flaw.
In this study, the area and aspect ratio of voids — in a plane perpendicular to the
loading direction — is considered as the geometrical parameters to be used for the 
fatigue-life predictions. Analysis of the fatigue fracture surfaces of L-PBF Inconel 718 
revealed that surface-connected voids for the LSG specimens and discontinuities on the
as-built specimens’ free surface serve as the crack initiation sites [5,22]. Therefore, initial 
cracks in this study are modelled as a semi-circular/elliptical surface flaws.
For defective build specimens, the area and aspect ratio of voids (A.R. = 2ci/ai) 
that served as crack initiation sites, were determined from the fracture surface analysis of 
fatigued specimens. It should be mentioned that what is referred to as the size of a defect 
here is the area of the crack perpendicular to the loading direction, as can be observed on 
the fracture surface of specimen in, as an example, Fig. 4(a). Schematic in Fig. 4(b)
displays the aspect ratio as well as the values of a and c, considered for the geometry of 

















Figure 6.4 Initial flaw for fatigue-life prediction using FASTRAN.
(a) The area of a surface void served as crack initiation site [5] and (b) schematic 
showing the aspect ratio as well as the values of a and c, considered for the geometry of 
the cracks in FASTRAN.
For non-defective build set, since no information on crack-initiation sites was 
available, crack initiation site is assumed as a semi-circular surface crack. The size of 
crack initiation site for non-defective build then was determined by trial-and-error to find 
the best fit to the test data.  It is worth mentioning that all HCF specimens had a round 
shape with a diameter of 5 mm, however, in FASTRAN fatigue analyses the specimen 
geometry was modeled as a square with width (2W) of 5 mm. 
FASTRAN code [21] is employed in this study to predict the fatigue life of L-
PBF Inconel 718 based on the geometry of initial flaws and the fracture mechanics 
properties of the material. FASTRAN is a crack-closure based code employing the strip-
yield crack model that accounts for the plastic material in the wake of the crack. 








    
   





    
  
  
   
   
   
 
 
   
      
   
industry [21]. Two-parameter fracture criterion (TPFC) [30] was used as the failure
criterion in FASTRAN and stop the fatigue cycling. TPFC indicates a linear relationship 
between the elastic stress-intensity-factor at failure (KIe) and net-section stress at failure
(Sn) for net-section stresses less than the yield stress of the material (Sn < σys) as:
𝐾𝐹 = 𝐾𝐼𝑒/[1 − 𝑚(𝑆𝑛/𝑆𝑢)] (6.1)
in which KF and m two materials properties that represent the local fracture behavior of
the material as well as its modulus of elasticity [30]. Su is the stress required to generate a
plastic hinge (fully plastic) on the net-section of the specimen. TPFC has shown to 
provide acceptable correlation with fracture of various cracked specimen configurations 
[30–33]. Based on the fracture tests data reported by MSFC NASA [22,23], elastic-
plastic fracture toughness (KF) of 425 MPa√m and fracture toughness parameter (m) of 
1.0 were calculated for L-PBF Inconel 718.
To perform fatigue-life predictions, effective stress-intensity factor, ΔKeff, as a
function of crack-growth rate, da/dN, must be obtained [34]. Under constant-amplitude
loading, the only unknown in finding ΔKeff is the constraint factor (α), which should be
determined — by trial-and-error — in a way that correlates the constant-amplitude 
fatigue-crack-growth-rate data over a wide range of stress ratios [34]. Employing the
constraint factor (α) should produce a unique relationship between ΔKeff and crack-
growth rate at different stress ratios. 
Newman’s crack-closure model [35] is used to correlate ΔK-rate data from 
different stress ratios (i.e. R = 0.1 and 0.7) and to generate ΔKeff against rate relation. The
large-crack results and the ΔKeff -rate for L-PBF Inconel 718 are shown in Fig. 5. As seen 
















constraint factor of α = 2.2. Although some differences can be observed for these two R-
ratios in the high-rate regime, this discrepancy has very little influence on the total 
fatigue life in high-cycle fatigue regime [34]. In this study, the plasticity-induced closure
model does not collapse the large-crack-growth threshold (ΔK-rate) data onto a unique 
ΔKeff-rate relation in the threshold regime, probably due to the significance of other 
mechanisms of crack closure than plasticity-induced closure (e.g., roughness- and oxide-
induced closure) under cyclic loading [34]. Therefore, conservatively, the high stress-
ratio (R = 0.7) data were used to estimate the ΔKeff-rate relation in this regime. It is found 
that in the threshold regime, the actual ΔKeff-rate data would lie at lower values of ΔKeff 
measured based on large-crack data [34]. Thus, for the present study, an estimation was 
made for the data near the threshold, where actual experimental data is very difficult to 
obtain. The baseline curve is chosen to be lower, in terms of ΔK than the large-crack data 
of R = 0.7 in the threshold regime, to account for small-crack effects. The crack-closure
model and the baseline ΔKeff-rate curve were used to predict crack-growth from an initial 





   
   
 
   
  
  
    
 
















Figure 6.5 Effective stress-intensity factor (ΔKeff) against crack-growth rate for large
cracks with small-crack estimate for L-PBF Inconel 718.
6.6 Fatigue-life prediction
Fatigue test results [5,22,23] and the predicted curves for defective and non-
defective builds in LSG surface finish are shown in Fig. 6. For the defective build, 
fatigue-life prediction using FASTRAN is made based on an initial semi-circular surface
flaw size of ai= ci=120 µm (i.e. A.R. = 2ci /ai = 2) that had an equal surface area (in µm2) 
and aspect ratio to the average values of voids that had initiated the fatigue cracks. As 
seen from Fig. 6, the predicted fatigue curve for defective build agreed well with the test 
data using the real initial flaw size (RIFS). The baseline ΔKeff-rate curve in the threshold 
regime was found by trial-and-error to better fit the experimental fatigue data. Using the 








   
 
 




flaw size (EIFS) of ai = ci = 12 µm fits the non-defective test data at R = 0.1 quite well. 
To find the EIFS, void aspect ratio was considered to be the same as the average aspect 
ratio for the defective built (i.e. A.R=2).
Figure 6.6 Experimental data [5,22,23] and predicted fatigue curves for different 
builds of L-PBF Inconel 718 in LSG surface condition using FASTRAN
code.
6.6.1 Effect of defect size
Defect size is an important geometrical feature that can impact the fatigue life of 
the AM part. At the same testing condition, several studies [5,12,15] have reported 
shorter fatigue lives for AM specimens in presence of larger voids. Therefore, it is 



















void size. In this regard, a range of possible fatigue lives, depending on the initial flaw 
size range, can be predicted using FASTRAN code. 
Results for the effect of void size on the fatigue life of defective and non-
defective builds are shown in Fig. 7. For the defective build, the aspect ratio of the initial 
flaw was assumed to be equal to 2 (i.e. ai = ci), corresponding to the average aspect ratio 
of detected voids on the fracture surface of fatigued specimens.  The size of the RIFSs 
then were calculated based the area of largest and smallest voids, served as crack 
initiation sites for this set.  Using the range of void sizes, lower and upper bounds can 
also be determined for the fatigue data, and this aids to predict uncertainty in the 
experimental fatigue data. As seen from Fig. 7(a), presence of larger voids can 
significantly reduce the fatigue life. Although other influential features may have
contributed to the scatter in the fatigue life of different specimens (e.g., void shape), 
predictions based on the smallest and largest voids, with the same aspect ratio, can 
appropriately capture the scatter observed in the experiments. 
For the non-defective build set, size of the EIFS was determined by trial-and-error
in a way that the predicted fatigue curves capture the scatter of fatigue-life in 
experimental data. As seen from Fig. 7(b), the predicted upper and lower fatigue bounds 
fit the experimental data satisfactorily and most of the fatigue data fall within the fatigue
curves for EIFSs of ai = ci = 8 µm and ai = ci = 20 µm. Acceptable fatigue curves 
obtained in Fig. 7 for different builds of AM Inconel 718, indicates that knowing the 
statistical distribution of the defect size can provide the opportunity of reasonably







    
   
 
analysis code such as FASTRAN. This is very important, especially for evaluating the 





Figure 6.7 Effect of void size on fatigue life of (a) defective [5] and (b) non-defective






















   
   
 
In order to study the effect of defect size on fatigue-life of AM material, a
comparison can be made on the fatigue curves of the non-defective builds in Fig. 7 (b). 
As seen from this figure, a sudden increase in the fatigue life occurs when the defect size
(of semi-circular shape) is reduced from 12 µm to 8 µm. While for a reduction from 20 
µm to 12 µm, the increase in the fatigue life is considerably lower. It should be noticed 
that for the former case the reduction in the defect size is only 4 µm, whereas in the latter
case the defect size was reduced for 8 µm. This can be attributed to two main reasons:
first, the relative change in the defect size might be a more important factor, influencing
the change in the fatigue lives of two different cases. Secondly, there might be a critical 
defect size, beyond which the fatigue life significantly varies for the specimens. This 
observation can lead to defining an objective value of void size for AM process 
parameter optimization [36,37]. In other words, to obtain a fatigue-resistant AM part, the
process parameters can be optimized so that the process-induced voids are smaller than a
critical void size.
Another important observation based on Fig. 7 is that the change in the fatigue
curve with respect to the initial flaw size also depends on the stress ratio (R). This can be
seen by comparing Figs. 7(a) and (b), where the variation in fatigue life for 100 μm 
change in initial flaw size for the test at R = -1 is not as significant as the variation in 
fatigue life for a small change (12 μm) in the initial flaw size for the test at R = 0.1. The
different influence of the initial flaw size on the fatigue life for the two tests at different 
R-values can be attributed to the effect of plasticity-induced crack closure on the fatigue















6.6.2 Effect of defect shape
The variation of fatigue-lives with respect to the void shape (i.e. aspect ratio) is 
evaluated for the defective build. For this set, the total variation in void aspect ratios 
(A.R. = 2ci/ai) was observed on the fracture surface of fatigued specimens to be from 1 to 
3, with an average of 2. The different shapes associated with aspect ratios of 1, 2 and 3, 
as shown in Fig. 8, are considered for an identical flaw size, i.e. average void area (in 
µm2). 
Figure 6.8 Schematic showing, minimum, average, and maximum aspect ratios 
detected for the void, served as crack initiation sites for defective build L-
PBF Inconel 718.
The results of the fatigue-life prediction using FASTRAN code for each of the 
crack shapes are presented in Fig. 9. As seen, for AM Inconel 718, different void shapes 













   
  
fatigue-life of AM materials is more affected by void size as compared to void shape —
at least when the crack initiation sites are located on the specimens’ surface.
Figure 6.9 Effect of void shape on fatigue-life of defective build L-PBF Inconel 718 
[5].
6.6.3 Effect of surface roughness
Surface roughness/discontinuities of metallic AM materials in their as-built 
condition is a detrimental factor affecting their performance under cyclic loading, i.e. 
fatigue [11,38]. Several studies in the literature have investigated the effect of surface
condition (e.g., as-built, machined, polished) on the fatigue behavior of AM materials 
[39–41]. Experimental results indicate that reducing the surface roughness of AM 
materials will improve their fatigue resistance - especially in the long life regime (i.e. 













   
  
subsurface) of a material also affect the sensitivity of fatigue behavior to the surface
finish [42]. In addition, other parameters, such as type of equipment, powder size, utilized 
process parameters, and building orientation, can influence the surface roughness of an 
AM part, and consequently, cause variation in their fatigue behavior [5,43]. Hence, post-
manufacturing surface treatments (e.g., machining, etc.) are mostly suggested as a
solution to improve the durability and to reduce the uncertainty in fatigue behavior of
AM parts. However, any post-production operation damages the real advantage of AM, 
which is the ability and freedom in producing net-shape, complex geometries. Thus, it is 
essential to link the surface characteristics of as-built AM parts to their fatigue
performance and understand the influence of surface texture on the fatigue behavior of
these products.
Different parameters can be considered as the indicator of the surface texture in 
the fatigue analysis of AM materials. Surface roughness (Ra) maximum height of the 
profile (Rt) and maximum valley depth (Rv) are the most common parameters 
representing the surface texture [44]. The definition of some of these surface profile
parameters are depicted in Fig. 10, for the L-PBF Inconel 718 in as-built surface
condition. Surface profile of the specimens was measured using a non-contact (i.e. laser 
reflectance) measurement system. Wycisk et al. [42] proposed the maximum profile
height in additive-manufactured surface as the initial crack length. However, it is not 
realistic to consider all the partially-melted powders on the surface of an AM part as the 
initial crack length for modeling fatigue-life. The partially-melted powders attached to 
the outer circumferential surface are not even aggregated to the part directly, and 




















(Rv), as shown in Fig. 10, can be a better representative of the initial crack length for AM 
parts in their as-built surface finish, as considered in this study. 
Figure 6.10 Surface profile and associated representing parameters for the L-PBF
Inconel 718 specimens in as-built surface condition.
Predicted fatigue curves by considering the effect of surface condition is 
displayed in Fig. 11. It should be noted that the initial flaw for the as-built surface
condition is also modeled as a semi-circular surface crack. To calculate the different 
fatigue curves, distinct surface features are considered as the initial flaw size. The
average value of the maximum valley depths from multiple profiles is considered as the
governing surface texture value on the average fatigue-life of the AM specimen. For 
predicting the upper bound curve, the average of valley depth values is used as EIFS to 
calculate the fatigue-life. The lower bound fatigue curve is calculated by considering a
worst case scenario: assuming the occurrence of a void at the location of maximum valley
depth on the surface. Therefore, the EIFS is calculated based on the sum of EIFS of the
fitted fatigue curve to the experimental data for specimens with LSG surface finish (i.e. 








Figure 6.11 Experimental data [22,23] and predicted fatigue lives for average curve, 












As can be seen in Fig. 11, the predicted fatigue lives at higher stress levels are
conservative for as-built specimens. Although the reason for this underestimation of 
fatigue damage is not clear, it may be related to the distinct mechanisms of crack 
initiation under different stress amplitudes. For instance, the size of defect that serves as 
the initiation site, can be different at lower stress levels than higher stress levels 
[5,10,15]. In addition, multiple instances of crack initiation can be responsible for fatigue
failure under higher stress amplitudes, which may change the overall crack growth rate 
and the resulting predicted fatigue curve [5,10,15]. Nevertheless, a single crack initiation 
site with constant geometry was considered at different stress levels in this study to 






















initiation mechanisms at different stress levels requires extensive fracture surface analysis
and subsequent fatigue life modeling that can be performed in the future.
6.7 Concluding remarks
A crack-closure based fatigue-crack-growth code was used to study the effect of 
surface roughness and defect features, such as size and shape, on the fatigue life of 
Inconel 718, fabricated using an L-PBF technique. Based on the analyses results, 
following conclusions can be drawn:
1. In the presence of voids with irregular shape and low radius of curvature, 
the void aspect ratio has minimal effect on the HCF life of the AM 
specimens.
2. The void size has the most significant effects on the fatigue-life of AM 
materials, at least when the crack initiation sites are observed on the 
specimens’ surface. Thus, the fatigue behavior of AM materials can be
predicted solely based on the void size, i.e. the void area perpendicular to 
the loading direction.
3. Knowing the statistical range of the void size, variations in fatigue-life of 
AM materials can be accurately predicted based on the crack-growth 
concept and crack-closure model.
4. Among various parameters associated with surface profile, the maximum 
valley depth would be an appropriate roughness parameter to be
considered as the size of surface flaw for predicting the fatigue-life of AM 
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𝑏 Fatigue strength exponent
B Thickness of crack-growth specimens
𝑐 Fatigue ductility exponent
da/dN Crack-growth rate
𝐸 Modulus of elasticity
G Temperature gradient at the solid-liquid interface
K Stress intensity factor
𝐾′ Cyclic strength coefficient
KIe Elastic stress-intensity factor at failure
KT Stress concentration factor
KF Elastic-plastic fracture toughness
m Fracture toughness parameter
𝑀𝑎 Marangoni number
𝑀𝑠 Martensite start temperatures
𝑛′ Cyclic strain hardening exponent
𝑁𝑓 Number of cycles to failure
2𝑁𝑓 Number of reversals to failure
rm Melt pool radius
R Ratio of cooling rate to thermal gradient
Ra Surface roughness
Rt Maximum profile height
Rv Maximum valley depth
Rε Strain ratio
Rσ Stress ratio
Sn Net-section stress at failure
Su Plastic-hinge stress
T Local melt pool temperature
TL Liquidus temperature
W Width of crack-growth specimens
𝛼 Constraint factor




′ 𝜀𝑓 Fatigue ductility coefficient
μ Melt pool dynamic viscosity
𝜎 Axial stress
𝜎𝑚 Mean stress
′ 𝜎𝑓 Fatigue strength coefficient












































   
𝜎𝑦𝑠 Monotonic yield stress
ΔK Stress intensity factor range
ΔKeff Effective Stress intensity factor range
∆𝜀/2, 𝜀𝑎 Strain amplitude
∆𝜀𝑒/2 Elastic strain amplitude
∆𝜀𝑝/2 Plastic strain amplitude








CAD Computer aided design




DLD Direct laser deposition
D Diagonally-built
DMLS Direct metal laser sintering
DOE Design of experiment
DSA Dynamic strain hardening
EBSD Electron backscatter diffraction
EDS Energy dispersive x-ray spectroscopy
EIFS Estimated initial flaw size
FEA Finite element analysis
H Horizontally-built
HAZ Heat affected zone
HCF High cycle fatigue
HIP Hot isostatic pressing
HT Heat treated
ISV Internal state variable
LBAM Laser-based additive manufacturing
LCF Low cycle fatigue
LSG Low stress ground
LENS Laser engineered net shaping















PBF Powder bed fusion
PH Precipitation hardening
RIFS Real initial flaw size
SEM Scanning electron microscopy
SLM Selective laser melting
SS Stainless steel
Vertically-Built
213
